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Editorial

The concept of ‘a ceramic’ has seen a dramatic change during the last 25
years. This is largely the result of the development in this period of a wide
range of high purity ceramic materials with controlled microstructures,
possessing closely defined properties and designed for specific applications,
for the most part, in the areas of electrical and mechanical engineering.

The principal objective stimulating the development of the high-
performance structural ceramics (for example, the silicon nitrides, silicon
carbides and sialons) was the realisation of a gas turbine running at a
substantially higher temperature than can be achieved with metals.
Although the ultimate aim of a commercial high temperature gas turbine
using ceramic components has not yet been realised, important uses for
these ceramics are already well established, and the number of applications
and the quantities of material involved will grow. The automotive industry is
very much attracted by the use of ceramics in the Diesel engine, with the
attendant promise of increased efficiency in the use of fuel. The main
contender in this field is probably the group of zirconia ceramics, with the
prospect of a range of tougher and effectively less brittle materials.

At present, the largest market for advanced ceramics exists in the
electronics field. Their rapid development started about 40 years ago in
parallel with that of the electronics and communications industries. Today,
alumina and beryllia are well established as insulators, ferrites as magnetic
materials, and titanates as high permittivity piezoelectric and electro-optical
components. The constant striving to fully exploit electroceramics 1is
stimulating research into the crystal structure, microstructure and
macrostructure/property relationships. This in turn is demanding starting
powders of closely defined chemical and physical specifications.

Since the market value of components in many novel applications tends to
be high, relatively expensive raw materials can be considered for their
manufacture. The use of synthetic raw materials is probably the most
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significant distinguishing feature of high technology ceramics vis-a-vis the
traditional ceramics which are of necessity based on indigenous raw
materials. However, there will always be an economic limit to the ‘ceramic’
solution to a problem and much future work will be concerned with the
production of powders at the ‘right’ price. The components required are,
moreover, often of very complex shape and have to conform to close
dimensional tolerances. Their reliable production, free from performance-
inhibiting flaws, i1s another important field for research and development.
linked in turn to the search for the ‘ideal’ powder.

Until now there has been no journal the primary function of which has
been to report on research and development in the field of these advanced
ceramics. Publications on this subject are scattered over a variety of journals
which cover, for example, general ceramics (often including glass and
cement), materials science and engineering, powder technology, and various
branches of engineering. The International Journal of High Technology
Ceramics has the object of bringing together the publication of all matters
pertaining to technical ceramics, starting from raw matenals through
fabrication to their actual application, including aspects of the problems of
designing with ceramic materials. One particular aim is to bring into closer
association the materials scientist, the ceramic manufacturer and the user.
Through the bringing together in one journal the science, technology and
applications of materials which may apparently be unrelated, but which
nevertheless share important common features, the stimulation and the
cross-fertilization of ideas may be the more readily achieved.

Thus it is intended that research papers and reviews will appear
concerning powder synthesis, the shaping of components and their
consolidation by sintering, the development of special microstructures and
the resulting properties of advanced ceramics. As part of these contri-
butions, authors will be asked to state the reason for the work undertaken in
the light of the applications envisaged, and to assess whether the work has
achieved its technical or economic goal; in the absence of this achievement,
the reasons for its failure should be analysed. Additionally, High
Technology Ceramics will publish regularly a calendar of events of interest
to the readership. Brief reports of relevant meetings that have been attended
and Letters to the Editor’ will be welcome.

The Editor is being assisted by members of an international Editorial
Board, all of whom are well known for their involvement in high technology
ceramics. Jointly, they are determined, by accepting only high quality
contributions which have passed an established refereeing procedure, to
make High Technology Ceramics the leading publication in this field.

Paul Popper
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High Purity Mullite Ceramics by Reaction Sintering

P. D. D. Rodrigo* and P. Boch

ENSCI, 47 avenue Albert Thomas, 87065 Limoges Cedex, France

SUMMARY

A review of studies of the synthesis and densification of mullite ceramics
suggests that reaction sintering could be the best way to obtain high purity,
dense mullite from common materials (amorphous silicon dioxide and a-
aluminium oxide). The use of fine grain powder mixtures allows us 1o obtain
dense ceramics after firing at 1600°C, because such fine powders favour
densification more than mullite formation, which slows down the sintering
rate. The aluminium oxide to silicon dioxide ratio appears to be a critical
parameter: densification reaches its maximum (97 %) for the stoichiometric
341,05 2810, (mullite), whereas it reaches its minimum for compositions
close to 75-0 wt %, AL, Oy, in which excessive grain growth occurs. Moreover.
these compositions seem to correspond to the solubility limit of 41,0, in
mullite.

1. INTRODUCTION

Mullite 1s the main crystalline phase in most of the alumino-silicate
ceramics, and the Al,0;-S10, system, to which mullite belongs, has been
extensively studied. Besides, mullite is an important refractory material,
which is generally produced by fusion in an electric arc furnace. However,
rather few studies have been devoted to the production of high purity, dense
mullite ceramics. Nevertheless, the properties of mullite can explain the
growing interest that this material arouses as a potential engineering

* On leave from the Department of Materials Engineering, University of Moratuwa, Sri
Lanka.
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ceramic: good chemical and thermal stability, high refractoriness and low
creep rate, low thermal expansion and thermal conductivity, medium
strength and toughness, not very far from those of alumina, not to mention
useful dielectric properties.

The present paper begins with a review of studies on the synthesis and
sintering of mullite ceramics, and lists the principal data about mullite
formation and mullite sintering in order to draw attention to the influence of
the main parameters: the nature of the raw materials, particle size,
aluminium oxide to silicon dioxide ratio, and additives or impurities.
Because of the seemingly low atomic mobility in mullite, and the fact that
high purity, fine grain, mullite powders are not common ceramic raw
materials, we will then examine the reaction sintering of silicon dioxide and
aluminium oxide mixtures, in order to determine the best way of producing
high-quality mullite ceramics.

2. HIGH PURITY MULLITE CERAMICS
2.1. The Al,O,-SiO, binary system

This system appeared to be simple when the first equilibrium diagram was
proposed by Bowen and Greig' in 1924. According to these authors, mullite
is a compound of a fixed composition, 3A1,0,-2Si0, (71-8wt %, Al,O,),
which melts incongruently at 1810°C. Since then there have been many
conflicting views on the Al,0,-Si0, diagram, mainly concerning mullite.

In 1962 Aramaki and Roy? proposed a new diagram in which mullite is a
solid solution, stable in the range of composition from 71-8 to 74-3wt ",
Al,O,, which melts congruently at 1850°C. They provided evidence for
the possibility of extending the range of mullite solid solution up to about
77-5wt %, Al,O5 under metastable conditions. Although this diagram is in
good agreement with the results of studies demonstrating the solubility of
Al,O, in 3:2 mullite® ~° and the congruent melting of mullite,” ~? it did not
explain the observed incongruent melting of mullite.®!°~ 2

Aksay and Pask'? were the first to explain both congruent and incon-
gruent melting of mullite. The binary system (Fig. 1), constructed using
their own experimental results and those of many other workers,*'* 29
shows that under stable equilibrium conditions mullite melts incon-
gruently at 1828 + 10°C; its stable solid solution ranges from 70-5 to
740wt %, Al,O; below 1753 °C and from 71-6 to 74-0wt ¥, Al,O, at 1813°C.
However, they observed that ordered mullite melts congruently during
superheating in the absence of a-Al, O, and that disordered mullite solidifies
congruently from supercooled aluminium silicate melts. These observations
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Fig. 1. The Al,O, -Si0, system according to Aksay and Pask.!?

were shown to be associated with the difficulty of nucleation of 2-Al,0; in
the absence of a-Al,O; nuclei or nucleation sites such as sharp edges. This
leads to the conclusion that congruency of mullite is observed under
metastable conditions. The SiO,-ordered mullite metastable diagram
(ordered mullite melts congruently at ~ 1880 °C and its solid solution range
extends to ~77wt Y, Al,O;) and the SiO,-disordered mullite metastable
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diagram (disordered mullite melts congruently at ~1900°C and its solid
solution range extends to ~83-0wt 9, Al,O;) correspond to two metastable
conditions. In addition, the results of Davis and Pask'® have shown the
existence of a third Al,O,(a-Al,0;)-SiO,(cristobalite) metastable diagram
with a eutectic at low temperature (~1260°C) but no mullite.

2.2. Synthesis of mullite

There have been many studies of the effects of different parameters on the
synthesis of high purity mullite from aluminium oxide and silicon dioxide,
or other synthetic raw materials which transform into these two oxides on
heating. The crystalline form of the initial raw materials, their particle size,
the Si10,/Al,O, ratio of the initial composition, and the presence of
additives or impurities were found to be the major parameters controlling
the mullite formation temperature and the nature of the final product.

2.2.1. Effect of the crystalline form of the SiO, and Al,04 components
Wahl er al.?! studied the formation of mullite from mixtures of a-quartz,
silicic acid or f-cristobalite, with diaspore (HAIQO,), gibbsite (AI(OH);) or
%-Al,0O;. The mixtures of 1:4. 2:3, 3:2 and 4:1 SiO,/Al, 0, mole ratio (or
87-2,71-8, 53-1 and 29-8 wt 9, Al,0,) were prepared by mixing each of the
S10, components with each of the Al,O, components and were fired up to
1450°C. The X-ray diffraction experiments showed that cristobalite reacts
better than the other two SiO, components with any of the three Al,O,
components and diaspore reacts better than the other two Al,O,
components with any of the three SiO, components. Their finding
concerning cristobalite was later confirmed by Pask and co-workers,??%*
who studied the sintering behaviour of the mixtures of quartz, cristobalite or
amorphous silicon dioxide with x-Al, 0O, (Table1). Pask and co-workers
explained the earlier formation of mullite in the cristobalite-o-Al, O,
mixture as a result of the formation of a metastable liquid phase, in
accordance with the metastable Al,O,-cristobalite diagram without
mullite. Staley and Brindley?* have also noted the formation of such a non-
crystalline phase during reactions between cristobalite and corundum and
they considered it as a feature of the subsolidus reaction in the Al,0, SiO,
system.

DeKeyser?® studied reactions occurring at 1600°C at the interface
between pressed pellets of aluminium oxide and silicon dioxide and found
that a glassy phase was formed as a result of the diffusion of aluminium
oxide into the silicon dioxide zone, while the mullite crystals grew with their
c-axes oriented parallel to the direction of diffusion as a result of the
movement of silicon dioxide into the aluminium oxide zone. Using DTA
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results on aluminium oxide-silicon dioxide mixtures of various com-
positions, prepared from organo-metallic precursors, West and Gray?®
studied mullite formation up to 1500 °C, and reported that mullite develops
at 1000°C if the reaction is between amorphous silicon dioxide and
hydrogen aluminium spinel (HAl; Og), whereas it develops at about 1200 °C
once HAI, Oy is completely transformed into y-Al, O, which is less reactive
than the defect spinel, HAI;Oy.

Considering the crystal chemistry of the mullitization of kaolinite via
metakaolinite (which has a y-Al,O,-type spinel structure), Ghate er al.?’
assumed that y-Al, O, should react easily with amorphous silicon dioxide to
give mullite. Mixtures of 71-8wt 9%, Al,O, of amorphous silicon dioxide
(130-140 A) and y-Al,O, (300 A), prepared by them via a gel technique,
mullitized completely after 20 h at 1420 °C. The absence of a-Al,O; during
mullitization, and the gradual disappearance of traces of silicon dioxide,
suggested the reaction was most likely occurring through diffusion and
rearrangement of the spinel structural unit in agreement with the original
hypothesis.

From all these data it is clear that the mullite-forming temperature is
highly controlled by the crystalline forms of the SiO, and Al,O,
components. Cristobalite and y-Al,0,, or other aluminium oxide
components with a defect structure, seem to be the most reactive of the
silicon dioxide and aluminium oxide components.

2.2.2. Effect of the particle size of aluminium oxide and silicon dioxide
components

The experimental results of different investigators, summarized in Table I,
show that the mullitization of aluminium oxide-silicon dioxide mixtures has
always been easier (complete mullitization below =~ 1500 °C) for techniques
giving ultrafine particles,?® 3! whereas, in classical powder mixtures of
larger particle size, detectable amounts of mullite are formed only at
temperatures above 1400°C and complete mullitization requires treatments
at a temperature near 1700 °C. This is in good agreement with the generally
accepted fact that the rate of a solid-state reaction increases as the particle
size of the constituents decreases.

2.2.3. Effect of aluminium oxide/silicon dioxide ratio

The results of most of the investigations dealing with this subject are
summarized in Table 2. None of the investigators have studied the effect of
the aluminium oxide/silicon dioxide ratio on mullitization temperature.
However, Wahl er al.?' have observed that the beginning of mullite
formation in diaspore—cristobalite mixtures always occurs at 1200°C,
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whatever the aluminium oxide/silicon dioxide ratio. This could suggest that
mullitization temperature is not considerably affected by the aluminium
oxide/silicon dioxide ratio.

It appears that firing silicon dioxide—aluminium oxide mixtures in the
absence of a liquid phase produces mullite of nearly stoichiometric (3:2)
composition (71-8wt%, Al,0,), though some exceptions?® have been
noticed. Probably the composition of such mullite lies in the stable solid
solution range which varies from ~70-5 to ~740wt9% Al,O, below
~1750°C (Fig. 1).

Mullites of higher aluminium oxide contents (> 74-0wt %, Al,O;) are
formed only in the présence of a liquid phase, as has been observed by
Kriven and Pask,?® Risbud and Pask,*® and Neuhaus and Richartz’ in
supercooled aluminium silicate liquids. Such high aluminium oxide
meltgrown mullites are sensitive to heat treatments, and a long annealing at
a subsolidus temperature leads to exsolution of aluminium oxide.

Meltgrown mullite (or mullite formed in the presence of a liquid phase)
always exhibits an acicular morphology, whereas the microstructure of
mullite formed in the absence of a liquid phase can be equiaxed, and varies
depending on the nature and the purity of raw materials, as well as on the
composition of the starting aluminium oxide-silicon dioxide mixture. The
presence of free aluminium oxide in the final product due to a high
aluminium oxide/silicon dioxide ratio of the starting mixture?®*? andjor
the absence of even a small amount of intergranular glassy phase—as the
one which can be formed in the presence of impurities >’ —lead to a chunky,
granular microstructure. On the other hand, the choice of amorphous raw
materials, intimately mixed in a molecular scale **-3° ¢

and/or the presence of
an intergranular glassy phase,*?-*3 lead to a microstructure with acicular or
elongated grains.

2.2.4. Effect of the presence of additives or impurities

Although this has been the subject of a large number of investigations, it is
difficult to interpret the results of most of those studies, because the natural
raw materials used (e.g. kaolinite) may have already contained unknown,
and perhaps noticeable, amounts of different impurities. Therefore, it seems
preferable to consider only the results of investigations done using high
purity synthetic raw materials (Table 3).

Iron(11I) oxide, chromium(Ill) oxide and titanium dioxide have been
found to enter into solid solution with mullite in considerable quantities
(respectively, 10-12wt?%, above 1300°C. 8-10wt %, above 1600°C and
2-4wt ', above 1300°C). They cause an increase of the unit cell volume.
Because the presence of zirconium dioxide increases the sintering rate of
mullite, a very low solubility of zirconium dioxide in mullite, as reported by
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Moya and Osendi,*’ is probable, but a very high solubility of zirconium
dioxide in mullite, as reported by Dinger er a/.,*' remains to be confirmed.

Despite the contradictory observation of Budnikov et a/.,** who found a
decrease of mullitization of aluminium oxide/silicon dioxide mixtures in the
presence of Fe®™ | it generally appears that iron(I1I) oxide, titanium dioxide
and calcium oxide facilitate mullitization of aluminium oxide/silicon
dioxide mixtures. Iron(11]) oxide favours grain growth and probably leads
to a microstructure with large elongated grains, as Johnson and Pask*’
observed. On the other hand, small amounts of alkali-oxides do not appear
to have a significant effect on mullitization or grain growth. For other
additives, definitive conclusions cannot be drawn because of lack of precise
information and/or contradictory observations.

2.3. Sintering of mullite

Although mullite has been the subject of many investigations, few of them
have been devoted to the sintering of synthetic mullite. The results of those
few studies (Table 4) show that the hot-pressing of very fine powders is
required to obtain a full densification at rather low temperatures. For
pressureless sintering, treatments at < 1650°C do not lead to densifications
above 959%;.

Nearly all the data concerning densification during hot-pressing, grain
growth and creep lead to apparent activation enthalpies of about
700kJ mol ™. Such a value is very similar to that for lattice diffusion of Si**
(702kJ mol~'),*” which could mean that the diffusion of silicon ions is the
rate-controlling process for densification, grain growth and creep of mullite.
Other creep data (stress component between 1-3 and 2,** grain size
dependence of —2*?) also support the idea that silicon diffusion plays the
main role. However, it should be noted that Sacks and Pask 3 have observed
an activation enthalpy of about 305kJmol ' for the early stages of
densification during pressureless sintering.

On the one hand, mullite does not sinter easily and, on the other. high
purity mullite powders are not so easily found in the market (compared to
silicon dioxide and aluminium oxide powders). This strongly suggests the
use of reaction sintering:

3A1,0, +28i0, > 3A1,0,-2Si0,

(for the case of 3:2 ‘stoichiometric’ mullite).

However, it has been observed that the formation of mullite retards
densification for a-aluminium oxide-amorphous silicon dioxide mixtures,?>
as well as a-aluminium oxide—quartz and a-aluminium oxide—cristobalite 22
mixtures. This could be linked to the two processes involved in reaction
sintering (densification and reaction) which can be simultaneous or not, and
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which can be mutually favourable or not. In the case of mullite, the high
activation enthalpy of this compound makes it difficult to sinter at low
temperatures. Moreover, dilatometric effects (p(3Al,0; +258i0,) ~
3-31 Mgm ™ ? - p(mullite) ~ 3-16 Mgm ~?) can disturb the densification
mechanisms.

Hence it would seem better to densify before the mullitization, which
could be done by varying one or more of the parameters involved in reaction
sintering, such as the crystalline form of reactants, particle size, firing
temperature and time. Particle size would seem the best parameter. as
pointed out by Brook and Yangyun®° in a general paper on reaction
sintering: the densification kinetics depend on D~ % or D~ (D being the
mean particle size) whereas the reaction kinetics depend on D! or D~ ?.
Hence densification can be favoured against reaction by decreasing the
particle size. This may be the reason why Moya and co-workers***!
succeeded in sintering at a fairly low temperature very fine "premullite’
powders (Table 4). However, the effect of the crystalline form of silicon
dioxide and aluminium oxide on mullitization should also be employed to
delay the reaction (i.e. using the least reactive aluminium oxide and silicon
dioxide species). This encourages us to avoid the use of cristobalite and
y-aluminium oxide which favours the reaction. and to choose amorphous
silicon dioxide and x-aluminium oxide with the complementary advantages
that both materials are common ceramic raw materials and can be found in a
wide range of grades, and that x-aluminium oxide has better compaction
properties and a lower firing shrinkage than y-aluminium oxide.

3. EXPERIMENTAL PROCEDURE
3.1. Preparation and sintering of specimens

The raw materials used were x-aluminium oxide* and amorphous silicon
dioxidet. The powder mixtures were prepared by attrition milling in
ethanol, using zirconia balls as the grinding media. The mill liner was of
hardened steel. The iron introduced by grinding for 3h (0-025°, Fe,0,) is
less than the iron impurity in the aluminium oxide powder (0-03%).
After drying, crushing and passing through a 200 um sieve, the powder
mixtures were mixed with 3wt %, polymethylmethacrylate dissolved in

*RC-172 DBM, Reynolds Metals Company, Chemical Division, Arkansas: chemical
analysis (wi®): 0-05 Na,O, 007 SiO,, 0-03 Fe,0, and 0-:07 CaO: mean particle size
~0:64 um.

T Alfa 89709 silicon(IV) oxide, <400 mesh powder (mean particle size =3-6 um): Alfa
Research Chemicals and Materials, 7500 Karlsruhe: impurity content is <(-Swt .
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18 P. D. D. Rodrigo, P. Boch

diethyl ether (1 g in 100 ml) for 30 min and dried on a hot plate while mixed
continuously. After evaporating the ether, the powder mixtures were de-
agglomerated by crushing and passing through a 200 um sieve. Specimens in
the form of discs (30 mm diameter, 3-5 mm thickness) were obtained by cold
pressing under ~150MPa in a floating steel die, using a simple
hydraulic press. To obtain a better compaction and to minimize defects’*
the lower piston of the pressing assembly was subjected to an ultrasonic
vibration (frequency = 20kHz, amplitude = 10 um) during the first 3s of
pressing.

Specimens were sintered in an electric furnace of low thermal inertia. The
organic binder was burned off by heating at a low rate of ~15°C min " up
to 800°C and then heated at a rate of ~60°C min~' up to the soaking
temperature. After a given heat treatment the specimens were allowed to
cool naturally in the furnace.

3.2. Characterization of the sintered specimens

The bulk density was determined using the liquid displacement technique
with distilled water as the liquid media.

Microstructural observations were done on polished and thermally
etched specimens using a JEOL T200 scanning electron microscope.
Thermal etching time varied from 20 to 30 min depending on the etching
temperature, which was always 100°C less than the sintering temperature.

Both qualitative and quantitative analyses of the crystalline phases of the
fired specimens were carried out using their X-ray diffraction (XRD) (Cu-
Ka) patterns. The peaks used, corresponding to different phases. are given
in Table 5.

Su- S¢. S4and S,. represent the areas under the respective peaks. Plots
of Sy/(Sy+S4) or Suv(Sy+S,4.) versus x-aluminium oxide wt*, for
a-aluminium oxide -mullite mixtures and a plot of S./(Sy,+ S.) versus

TABLE 5
X-ray Diffraction Peaks of Different Phases Used for Quantitative Analysis
Crystalline Indices of the 20 value in Relative Interplanar - Symbol
phase corresponding Cu-Kx XRD peak distance
atomic plane patiern intensity A
deg
Mullite (210) 2626 100 3-39 M
p-Cristobalite (1ol 21-92 100 4-05 C
x-Aluminium oxide (113) 43-24 100 2:09 A
25-58 70 3-48 A*

(012)
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B-cristobalite wt %, for f~cristobalite-mullite mixtures were constructed using
XRD patterns of two series of mechanical mixtures. Mullite obtained by
firing an amorphous silicondioxide -a-aluminium oxide mixtureof 71-8 wt
AL, O, for 10h at 1650°C, f-cristobalite obtained by firing amorphous
silicon dioxide for 10 h at 1600°C and as-received a-aluminium oxide were
used for preparing mechanical mixtures. The amount of free a-aluminium
oxide or of free f-cristobalite present in fired specimens was determined
using the §,/(Sy+Sa), Sa/(Sy+Sas) and S¢/(Sy + S¢) ratos of the
corresponding XRD patterns and the three plots constructed as explained
above.

3.3. Results and discussion

3.3.1. Effects of the particle size of powders on the reactions and on the
shrinkage behaviour

Powder mixtures of 71-8 wt 9 aluminium oxide composition attrition milled
for 0, 1 and 5h were used for this study. The dilatometric shrinkage curves
(Fig.2) were obtained using rectangular bars (4 x 4 x 20 mm) cut from
pressed discs. The curves consist of a number of zones, which become more
distinct with the increase of milling time. The sintering process is affected by

-1

Milting Mean particie
time size

1 5h 0-45um
2h 0-60um
————— Oh 0-80um
2
e
=3
o
o
32
r 4
P
L
n

)]

7 C

1 1 L 1 1 il
1000 1100 1200 1300 1400 1500 1600
Temperature (°C)

Fig. 2. Percentage shrinkage versus temperature for mixtures of 71-8wt ", aluminium
oxide composition and different fineness.
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Fig. 3. X-raydiffraction patterns of 5 h attrition milled 71-8 wt %, aluminium oxide mixture,
fired under different conditions as indicated.

two phenomena, one taking place in a range of temperatures around 1300°C
and the other just above 1400°C. To understand these phenomena, the
mixture attrition milled for 5h was studied further. Three samples of this
mixture were fired for 1h at 1190, 1310 and 1400°C, the temperatures
corresponding to the three points A, B and C marked on the corresponding
shrinkage curve. After firing, they were analysed by X-ray diffraction. The
observed XRD patterns are given in Fig. 3. At 1190 °C the most intense peak
of cristobalite (C(101)) starts to appear and at 1310°C it is of high intensity.
The value of S-/(Sc+ S,») 1s the same for XRD patterns corresponding to
the specimens fired at 1310 and 1400°C, which means that the
cristobalite/aluminium oxide ratio remains almost constant from 1310°C.
At 1400°C the (210) peak of mullite begins to develop. At any temperature
above 1400 °C mullite develops at the expense of a-aluminium oxide and
cristobalite. The following conclusions can be drawn from these
observations:

1. Transformation of amorphous silicon dioxide into cristobalite takes
place in the temperature range where the first sudden change in the
rate of shrinkage is observed, and is almost complete before the
beginning of the mullite formation.

2. The mullite formation starts just before the second sudden change in
the rate of shrinkage and it causes a net overall expansion of the
body.
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The transformation of amorphous silicon dioxide (density ~
2:22Mgm ) into cristobalite (density ~2-32 Mgm™?) is accompanied
by a decrease of the rate of shrinkage, which is contrary to what
would be expected for such a transformation, where a low-density
phase transforms into a higher density phase. One possible reason for this
behaviour is the formation of microflaws caused by a sudden contraction of
silicon dioxide zones, which leads to a reduction of the number of particle-
to-particle contacts. Another possible reason is the elimination of the
amorphous phase (amorphous silicon dioxide), which may have helped
densification at lower temperatures by acting as an easy diffusion path. The
rapid rate of shrinkage just before the appearance of mullite (i.e. after the
amorphous silicon dioxide — cristobalite transformation) may be due to the
formation of a metastable liquid phase in accordance with the a-aluminium
oxide—cristobalite metastable equilibrium diagram in the absence of mullite
(Fig. 1).

By comparing these shrinkage curves, it can be seen that the reduction of
particle size has caused an increase in the total shrinkage before
mullitization, in addition to a slight reduction of the mullitization
temperature. This shows the beneficial influence, for sintering, of using fine
powders, as has been pointed out by Brook and Yangyun.’° Hence, it may
be possible to use the particle size effect to improve the densification before
mullitization, during reaction sintering of aluminium oxide-silicon dioxide
mixtures, thereby reducing the difficulty in sintering caused by the mullite
formation.

3.3.2. Effect of composition on reaction, densification and microstructure
The effects of the composition on reaction and densification were
investigated using five different compositions, namely 68-0, 71-8, 75-0, 77-3
and 80-0wt %, aluminium oxide, prepared by attrition milling for 3h. The
powder compacts were subjected to three different heat treatments (10 and
2hat 1600°C and 2 h at 1570°C). The results of the experiments are given in
Tables 6 and 7 and Figs 4a, 4b, S and 6. Although the results concerning
specimens fired at 1570 °C for 2 h are given in Table 7 and Fig. 5, they are not
discussed herein due to the difficulty of interpretation caused by incomplete
reaction.

X-ray diffraction patterns given in Figs 4a and 4b correspond to the
specimens fired at 1600°C for 2 and 10h, respectively. In both groups of
XRD patterns, the compositions with 68-0 and 71-8 wt 9, Al,O, do not show
the presence of any crystalline phase other than mullite, but for the
compositions with 75-0, 77-3 and 80-0 wt 9, Al, O, the peaks of a-aluminium
oxide can be seen. Their intensities show that the highest amount of free
a-aluminium oxide is in the specimen with 80-0wt %, Al,0, and the lowest
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TABLE 7
Composition of Mullite Solid Solution in 2-Al, O, - Amorphous Silicon Dioxide Mixtures of
Different Al,0,/SiO, Ratios Fired at 1600°C for 10h

Composition of  Estimated free  Combined Composition of  Free silicon  Theoretical

the mixture a-aluminium Al,O, mullite solid dioxide density
(wt®, aluminium oxide content content solution® content (Mgm *)

oxide) (wt',) (wi,) (wi", A1,04) (wt?,)
68-0 680 71-8 5-3 3-09
7018 - 71-8 71-8 316
75-0 1-0 74-0 74-7 3-225
77-3 10-0 673 74-8 3-28
80-0 20°5 59-5 74-8 : 3-35

“ It was considered that the silicon dioxide-rich end of the mullite solid solution 1s 7H-8wt ™,
ALO,.

one in the specimen with 75-0wt%, Al,O,. This XRD observation is
confirmed by the corresponding micrographs (Fig. 6): a noticeable amount
of free a-aluminium oxide (white grains) in the 80-0wt %, Al,O; specimen
and a very low amount of free a-aluminium oxide (a few very small white
grains. both at intergranular and intragranular positions) in the 75-0wt
Al,O, specimen.

M(210) M(210) M(210) M (210} M(210)

3 i
S
% s _
o « ~ —
= - o ~
=l e IS
J v\y :( \i J :
v U
g © ”Jno /Juo ©
& b & 8 § +20
800 773 755 718 680

Aluminium oxide (wt-°/s)

Fig. 4a. X-ray diffraction patterns (around the (210) mullite peak) of mixtures of various
indicated aluminium oxide,silicon dioxide ratios fired for 2h at 1600°C.
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Fig. 4b. X-ray diffraction patterns of mixtures of various indicated aluminium oxide/silicon
dioxide ratios fired for 10h at 1600°C.

Results of the quantitative estimations of free a-aluminium oxide in the
specimens fired at 1600 °C for 10 h are given in Table 7. Similar results were
obtained for specimens fired at 1600°C for 2 h (see the similarity of XRD
patterns in Figs 4a and 4b). Hence, mullitization has ended even before 2 h at
1600°C.

If only a-aluminium oxide and mullite are present in fired 75-0, 77-3 and
80-0wt 9, Al,O, specimens, as evidenced by corresponding XRD patterns
and micrographs, the composition of mullite in those specimens can be
determined using the estimated values of free a-aluminium oxide (Table 7,
column 2). It shows that the composition of the mullite solid solution
remains constant at ~74-8wt%, and is independent of the original
composition for mixtures having >75-0wt 9%, Al,O,. Consequently, the
aluminium oxide-rich end of the mullite solid solution is limited to
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Fig. 5. Percentage density versus aluminium oxide content for a-aluminium
oxide-amorphous silicon dioxide compacts fired under different conditions as indicated.

~T74-8wt %, Al,O;. This is slightly higher than the corresponding values
obtained by Aramaki and Roy? and Aksay and Pask.!3

If the silicon dioxide-rich end of the mullite solid solution is 71-8 wt %
Al,Oj (as proposed by Aramaki and Roy) or 70-5wt %, Al, O, (as proposed
by Aksay and Pask), the fired 68-0wt %, Al,O, specimen should contain
~53 or =3-5wtY, free silicon dioxide, respectively. But no crystalline
silicon dioxide was found in 71-8 and 68-0 wt % AL, O, mixtures. However,
this does not mean that the silicon dioxide-rich end of the mullite solid
solution is below 68-0 wt 9, Al, Oy, since, unlike free aluminium oxide, free
silicon dioxide can be present as a vitreous phase. Hence no conclusion
about the silicon dioxide-rich end of the mullite solid solution can be drawn
without separating and analysing mullite in the fired 71-8 and 680wt %
Al,O, specimens.

To determine the extent of densification, the theoretical density of each
fired composition was calculated under the following assumptions:

1. The range of the mullite solid solution is from 71-8 to 74-8 wt A
Al,Oj3, while its density varies from 3-16 to 3-22Mgm ™ 3.

2. Excess aluminium oxide is present in the form of a-aluminium oxide
(density = 3-98 Mgm ~?) whereas excess silicon dioxide is present in
the form of a vitreous phase. The density of the latter was considered
to be similar to that of the amorphous silica used (2:22 Mgm ).
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Fig. 6. Microstructures of (A) 68:0, (B) 718, (C) 75-0, (D) 77-3, (E) 80-0 and (F) 75-0wt®,
Al,O; compositions, fired 10h at 1600°C (thermal etching: 20 min at 1500°C).

The bulk density and the percentage densification of each composition
after each heat treatment are given in Table 6. Figure 5 shows that the
densification versus wt %, Al, O, plots consist of maximaat 71-8wt ”, Al,O,
and minima at 75-0wt %, Al,O,. This is confirmed by the micrographs in
Fig. 6. The lower densification of the 75-0wt?%, Al,O, composition is
coupled with a higher rate of grain growth, leading to a microstructure
which consists of a mixture of large elongated grains ( ~7 x 30 um) with
small equiaxed grains (~5 x 5 um), whereas the microstructures of the other
compositions are more or less equiaxed. This peculiar behaviour of the
75-0wt %, Al,O, composition is not yet understood and is being studied
further.

4. CONCLUSIONS

This paper shows that the reaction sintering of amorphous silicon
dioxide -a-aluminium oxide mixtures is a good way of producing high
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purity, fine grain, nearly dense mullite ceramics. The comparison with
alumina—which is justified by the fact that this material remains the
archetype of high technology ceramics—demonstrates that reaction-
sintered mullite can be processed using similar treatments as those required
by ‘reactive’ aluminium oxide. Indeed, nearly dense (~97%;), fine grain
(~5 pum) mullite is obtained after firing for some hours at 1600°C, 1.e. after a
treatment close to that required by RC-172 DBM Reynolds aluminium
oxide. However, the particle size of the initial mixture must be as fine as
possible, which could call for an additional grinding. The aluminium
oxide/silicon dioxide ratio appears to be a critical parameter: the
composition of 3A1,0,-2S10, stoichiometric mullite (~71-8wt ", Al,O;)
leads to the best densification, and the finest microstructure. On the other
hand, compositions near the limit of solubility of Al,O; in mullite
(74-8wt 9, Al,Oj5) exhibit rather poor densification and excessive grain
growth. Further studies are being done to understand this behaviour.

As far as the mechanical properties are concerned, reaction-sintered
stoichiometric mullite has a room-temperature flexure strength of
~200 MPa (biaxial flexure on 30 mm diameter discs) and toughness, K,
of ~2-2MPam'? (SENB experiments on 3 x 3 x 30 mm).>® The influence
of temperature 1s rather moderate and the flexure strength at 900°C is
~ 150 MPa. Such values can be favourably compared with those obtained in
sintered mullite,>? even if they cannot compete with zirconium dioxide-
toughened mullite.>’-58

The use of additives, which can lead to vitreous phases which decrease the
sintering temperature and which increase the room-temperature strength,>®
1s another point requiring further study.
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Post-treatment of Pre-sintered Silicon Nitride by Hot
Isostatic Pressing

G. Ziegler and G. Wotting
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SUMMARY

The results of three different types of experiment are discussed: 1. Density,
flexural strength and fracture toughness data at room temperaiure for
different materials after post-hipping. The starting materials varied
concerning the type and amount of sintering additive. as well as the pre-
sintering conditions. 2. The post-densification behaviour by hipping of pre-
densified starting materials, which were produced under well-defined
conditions and in which various parameters were systematically changed.: the
residual porosity, the amount and viscosity of the liquid phase, and the silicon
nitride phase composition ratio (2/). 3. Results of model experiments: the
behaviour of incorporated artificial macropores and cracks, as well as the
change of the grain orientation in hot pressed silicon nitride (HPSN ) with
different degrees of texture.

Positive effects of post-hipping are a slight density increase, particularly
the filling of residual macropores or the reduction of the pore size, and the
enhanced healing of cracks. Negative effects may be grain coarsening and
grain globularization, as well as surface defects caused by vaporization of
the liquid phase andjor decomposition of silicon nitride during hipping. As a
result, a marked increase of strength is not observed. However, the scatter of
strength values can be reduced and fracture toughness is often improved. The
latter observation seems to depend on a more intensive interlocking of the
elongated B-Siy N, grains, supporied by local plastic deformation at the
contact points of the grains. Which effect is dominant depends on the
morphology and arrangement of the B-Si; N, grains and the characteristics
of the liquid phase in the starting pre-sintered materials, as well as on the
hipping conditions.
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1. INTRODUCTION

Hot isostatic pressing (hipping) is an advanced and promising processing
technique which has become more and more important during the past
years. The reason for this is that hipping combines the possibility of
improving mechanical and thermo-mechanical properties with the possi-
bility of producing complex-shaped components. Up to now this technique
has been used for the processing of various material groups, e.g. metals and
hard metals, and also ceramic materials such as some oxides, carbides and
nitrides, as well as several composites.! ~* Many applications showed that
not only the physical and mechanical properties of these materials but also
those of the ceramic components may be improved, reliability increased and
costs reduced compared with conventional processes. Based on these
positive results, it was thought that hipping was also a suitable method for
the production of ceramic components made from high-temperature
structural materials such as silicon nitride. For this reason, during the past
years special hipping equipment has been developed to allow hot isostatic
pressing at temperatures higher than 1700°C." ~?

In the case of silicon nitride, several advantages are expected from this
technique. As for other ceramic materials, the main advantage for silicon
nitride is that the nearly net-shaping possibility eliminates post-machining
of the densified part, except for surfaces with extremely close tolerances.
Thus, this technique offers a potential for the production of advanced
ceramic components. Besides that, material properties are expected to be
improved; for example, the uniform way of applying the high pressure
results in fully isotropic material properties. The pressure increase by more
than one order of magnitude over uniaxial hot-pressing enhances the
densification process of silicon nitride. As a result, dense silicon nitride parts
with powder compositions containing only small amounts of consolidation
aids, or with more refractory additives, may be produced. Furthermore, the
high pressure applied is thought to result in a more uniform and fine-grained
microstructure under optimized hot isostatic pressing conditions, which
may lead to improved strength. Healing of cracks under high pressure can
result in an additional improvement both of the absolute values and of the
reduced scatter of mechanical properties. Moreover, this technique gives the
opportunity of joining silicon nitride parts produced by different techniques
(diffusion bonding or gas pressure bonding). Therefore, hipping offers the
possibility of producing near net-shaped components and a good
opportunity for further improvement of the strength and high-temperature
properties, as well as a reduction of the scatter of properties.

During hipping high pressure is applied via a gas to consolidate a porous
compact after canning, or to remove the residual porosity from pre-sintered
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uncanned materials, which contain only closed pores. In the case of silicon
nitride, the latter technique of post-treating pre-sintered silicon nitride by
post-hipping is not yet well understood. Open questions are, in particular,
the influence of microstructural characteristics of the pre-sintered materials,
the influence of the type and amount of additives, and the influence of defect
healing on the mechanical properties of the hipped materials. This paper
attempts to answer these questions. In this context the results of three
types of experiments are presented:

1. Density, flexural strength and fracture toughness data at room
temperature for different materials after post-hipping. The starting
materials varied concerning the type and amount of sintering
additives, as well as the pre-sintering conditions.

2. The post-densification behaviour by hipping of pre-densified starting
materials which were produced in the laboratory under well-defined
conditions and in which various parameters were systematically
changed: the residual porosity, the amount and viscosity of the liquid
phase, and the silicon nitride phase composition ratio (a/f).

3. Results of model experiments: the behaviour of incorporated
artificial macropores and cracks (induced by Knoop hardness
indentation), as well as the change of the grain orientation in hot
pressed silicon nitride (HPSN) with different degrees of texture.

2. HOT ISOSTATIC PRESSING OF SILICON NITRIDE

In order to produce nearly dense ceramic parts from silicon nitride via the
hipping technique, three routes can be followed (Fig. 1):

(1) Hipping of silicon nitride powder compacts, moulded by any
appropriate technique to the final shape; the shrinkage occurring
during densification, however, has to be considered.

(11) Hipping of reaction bonded silicon nitride (RBSN), also preformed
to the final shape, taking into account shrinkage; this means starting
with silicon powder and producing RBSN in a first step.

(ii1)) Hipping treatment of sintered silicon nitride (SSN) or sintered
reaction bonded silicon nitride (SRBSN) as starting material. The
two steps, sintering and hipping, were combined into one
sinter -hipping cycle.

For all three techniques a certain amount of consolidation aid has still to be
added in most cases. Using the first two techniques, the starting material has
to be coated with a temperature- and pressure-resistant barrier against the
high-pressure gas, to prevent the gas penetrating into the porous body. The
starting material for the third technique usually has almost no open
porosity, which makes encapsulation unnecessary.
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Fig. 1. Different routes for hipping silicon nitride.

Though hipping is a promising technique and many workers have started
activities in this field, only a few papers have been published up to now. As
this technique, however, is undergoing rapid development, important results
are to be expected during the next few years.

The state of the art may be summarized as below.

2.1. Encapsulation

The encapsulation (‘canning’) of complex-shaped components, particularly
parts with sharp edges and corners, still presents serious problems.*”’
Different prerequisites for successful canning need to be fulfilled:

— The encapsulation material must have sufficient thermal stability at
the hipping temperature, but is simultaneously required to have a
certain amount of plasticity in order to transfer the applied gas
pressure uniformly to the part to be consolidated. This restricts the
selection of materials to refractory metals (tantalum, molybdenum,
tungsten), glasses with high softening temperatures (silica glass,
‘vycor’ glass), or certain ceramic materials.

— Chemical reactions between the capsule and the ceramic parts must
not occur; this often requires an additional barrier layer.

— The coefficients of thermal expansion of the container material and
the material to be consolidated have to match well in order to avoid
cracking during heating and cooling.

— Decapsulation of the densified parts has to be mechanical or
chemical without any damage to the parts.
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Geometrically simple-shaped components (discs, bars, etc.) may be
encapsulated in glass tubes or metal containers, which are sealed off by
softening or welding under vacuum. For more complex parts other methods
are necessary. For example, small parts like turbine blades may be
encapsulated in glass tubes or metal containers under vacuum. However, to
avoid tearing-off or other damage to the glass layer at the thin, sharp trailing
edges of the blades, such parts were additionally embedded into a powder.
e.g. boron nitride.®? This powder acts as a pressure transmitter and
simultaneously prevents chemical reactions and the building up of thermal
stresses due to differences in expansion characteristics between the part to be
consolidated and the capsule material (‘powder-bed-canning technique’).
Furthermore, decapsulation is easy and subsequent machining may often be
avoided. For example, this technique has been applied to produce turbine
blades for rotors with a metallic hub.?

For the production of larger, more complicated parts like turbo-chargers
or monolithic turbine rotors, possible encapsulation methods comprise, up
to now, the construction of equally complex metal housings,’ !” the *glass-
particle-canning technique ! -! or the ‘sinter-canning technique’.¢*! 31+
The first one is a very costly method as refractory metal sheets have to be
welded. In the second method, the ‘glass-particle-canning technique’, the
ceramic part is coated with one or more layers of glass particles and is heated
up under vacuum until the glass (or one layer of glass) softens, thus sealing
off the body. This method has been applied especially in Sweden. It has been
reported that complete turbine rotors, shaped by injection moulding of
silicon nitride powders, have been produced of near theoretical density
without subsequent machining.*>-'*-'> The third method. the ‘sinter-
canning technique’, comprises coating of the parts with a fine-grained
ceramic powder or powder mixture, which is sintered under vacuum to gas
tightness. It is relatively easy to adjust similar thermal expansion
characteristics of the capsule and the silicon nitride part by using silicon
nitride powders for the capsule. In order to prevent any reaction between the
layer and the silicon nitride component. an interlayer may be used. This
technique was, for example, successfully applied to the consolidation of
cutting tools, turbine blades and monolithic rotors made from RBSN %-!+1¢

2.2. Processing routes and material properties

The first two routes for hipping (see Fig. 1) show large differences in the
shrinkage of the components. Starting with silicon nitride powder compacts,
which usually have a green density of about 2:0 Mgm ~? (i.e. about 60°,
theoretical density) after moulding, results in a volume shrinkage of nearly

40°;. With RBSN the starting density may be up to about 2-6 Mgm *
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(~80Y theoretical density). As a result, the volume shrinkage during
hipping is much lower. The linear shrinkage of only 6-7 9/ facilitates the
production of complex-shaped components with close dimensional
tolerances. This relatively low shrinkage is one advantage of the second
route. Besides this, the combination of the easy shaping possibility of RBSN
and the high strength data of dense silicon nitride is a further advantage of
this technique.

For the hipping of silicon nitride powder compacts, the results show that
density and mechanical properties are dependent on the purity of the
starting powder and the type and amount of consolidation ad-
ditive.*%1772% Using commercial silicon nitride powders, density values
higher than 94 9/ theoretical density were achieved without any additives. In
this case the density of hot isostatically pressed silicon nitride (HIPSN)
is dependent on the characteristics of the silicon nitride starting
powder, primarily on the phase composition and the impurity content.
Using highly pure silicon nitride powder.?’ the maximum density
achieved was 94 9 theoretical density, but self-bonding between the grains
was weak: in the case of starting materials containing a relatively high
amount of impurity, complete densification was reached. To obtain fully
dense materials with high-purity silicon nitride powders, only small
additions of sintering aids are necessary. Mechanical properties are
completely isotropic. High room-temperature strength data and high values
of the Weibull modulus, m, have been observed. Improved high-
temperature strength and creep behaviour were found. Nevertheless, it has
not been possible up to now to develop materials with high room-
temperature strength and simultaneously excellent high-temperature
properties. Parts of cylindrical, conical and flat sections, and also complex-
shaped components for gas turbines, have been tabricated to final shape
without any or little post-machining. It has been reported®* that the
tolerances of the finished products are rather good and that shaped parts can
be processed with tolerances and surface quality acceptable even for turbine
blades.

Using a suitable encapsulation technique with the hipping of RBSN, fully
dense materials have been achieved, even with low amounts of additives.
Compared to hot-pressed materials and;or sintered grades, the yttrium
oxide doped and hipped materials displayed similar or even superior high-
temperature properties,®3:9:10-21

Applying the ‘sinter-canning technique’ to RBSN, cutting tools, turbine
blades, welding nozzles and monolithic rotors have been produced. Now the
goal has to be to transfer the material properties, which have already been
achieved in test specimens, to complex-shaped components, and to develop
economical production techniques.

Because of the technical problems associated with the encapsulation
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technique and the relatively high costs in mass production, the third route,
the post-treatment of pre-sintered silicon nitride by hipping without using a
container, may be expected to gain wide acceptance on a short-term basis.
This route, especially the combined sinter-hipping technique, is thought to
be promising for the future and will therefore undergo rapid development
supported by further progress in the sintering techniques. Up to now only a
few results have been reported which indicate that the hipping of pre-
sintered silicon nitride is strongly dependent on various microstructural
characteristics of the sintered starting materials (density, grain size, grain
morphology, grain boundary characteristics). Results of some systematic
investigations have been published by a Japanese group.”?2*3 These
experiments were carried out in the temperature range between 1700 and
1900°C under a pressure of 100 MPa using argon or nitrogen. Some
interesting results were achieved; a density increase was only observed if the
density of the pre-densified silicon nitride was higher than about 93°,
theoretical density. In any case, nitrogen as pressure gas led to higher den-
sities and higher strength values compared to an argon atmosphere because
high nitrogen gas pressure suppresses the decomposition of silicon nitride.
One of the reasons for the strength reduction after argon hipping is thought
to be a formation of pores, especially near the specimen surface. After
nitrogen hipping the improvement in strength for some materials was
accompanied by an increase in Weibull modulus. The strength after hipping
was dependent on the type of pre-sintered silicon nitride. The «;f-silicon
nitride phase composition and the grain morphology of the pre-densified
material seem to be decisive parameters for improving strength values. It is
thought that a certain amount of a-phase and the existence of needle-like
crystallites in the pre-sintered starting materials are necessary to improve the
strength by nitrogen hipping. Moreover, the improvement in strength
depends not only on the sintering conditions but also on the process
parameters during hipping (type of gas, pressure, temperature, time). In
addition, healing of relatively large internal defects, originated during cold-
pressing or sintering, was observed after nitrogen hipping.

Recent investigations of the authors about fracture strength, fracture
toughness and microstructural changes after post-hipping of pre-sintered
silicon nitride permit the conclusion to be drawn that the microstructure of
the pre-sintered starting materials and the healing of cracks and flaws are
key parameters in the post-hipping process.**?2>

There is one more point which should be discussed here: the solution of
nitrogen during post-hipping. Following the third route, the high-pressure
gas directly contacts the pre-sintered materials. Thus, solution of gas
molecules in the silicon nitride compact is a possible phenomenon. So, for
sintered silicon nitride containing 2-2wt %, aluminium oxide, 1-3wt",

o

magnesium oxide and 2wt %, silicon dioxide as densification aids, an
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increase in nitrogen of 0-6wt®, (and a decrease in oxygen content) was
observed during hipping when the specimens were kept in a graphite crucible
at 126 MPa and 1750°C for 14 h.”® The density increased slightly and the
strength was improved. The authors think that nitrogen gas dissolves in the
silicon nitride compact, which contains a liquid phase, and that nitridation
of the silicon dioxide component takes place during hipping when the cycle
runs for 10h or more. The density increase after long soaking, and the
improvement of strength, too, are thought to be partly caused by this effect.
When heating up these specimens to high temperatures under atmospheric
pressure, the dissolved nitrogen may be released. which results in the
formation of pores.

2.3. Densification mechanism and microstructural development

The basis for the discussion of the properties of hipped materials is the
understanding of the densification mechanism and the microstructural
development. As for sintering and hot-pressing, densification by hipping
occurs by a liquid phase sintering process involving rearrangement,
solution -diffusion -reprecipitation and coalescence. However, the contri-
bution and the rate of the different densification steps are changed by the
application of pressure. Moreover, by enhancing different processes during
densification, like dissolution, formation of -nuclei and growth of f-silicon
nitride crystals, fine-grained microstructures can be achieved. Thus. the
microstructure of these HIPSN materials consists mainly of the two
hexagonal phases z- and S-silicon nitride and a largely amorphous silicate or
nitride oxide grain boundary phase (5 to 20 vol %,), which is arranged in thin
layers of about 1-5nm thickness and in larger concentrations at grain triple
junctions. One typical feature of all dense silicon nitride materials is the
difference in the grain morphology: the x-grains are equiaxial (~0-1 to
2 um), the f-silicon nitride phase reveals an elongated grain structure (~ 5 to
10 um) with aspect ratios (= length to thickness ratios) of between 5 and 10.

The processes taking place during post-hipping of pre-sintered materials,
however, are not yet completely understood. It seems that grain
rearrangement is possible by grain-boundary sliding, that solution may
occur at the highly stressed particle contact points. and that coalescence
processes may take place.

3. EXPERIMENTAL PROCEDURE

3.1. Sample preparation

Besides samples which were prepared for systematic sintering studies and
which contain different types and amounts of sintering additive (for details
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see Refs 24 and 25), various sets of starting materials and special pre-treated
samples were prepared for hipping experiments. With these sets an attempt
was made to evaluate parameters which determine the densification
behaviour during hipping and to obtain information about the processes
and mechanisms that are effective. These materials are characterized in
Table 1.

In order to study the influence of the density of the starting material on the
final density after hipping, sets of materials with different levels of density
were prepared by compaction-limited hot-pressing (set I). Additionally, the
influence of high and low amounts of sintering additive to the starting
powder composition was investigated. The influence of the silicon nitride
phase composition ratio o/ was studied with materials which were prepared
by varying the hot-pressing time (set II).

In set II1 artificial pores were introduced by incorporating disc-shaped
wax particles at a distance from the surface of about one-third of the
specimen width. The average diameter of the pores was about 500 um. These
experiments were conducted with two materials, again with different

TABLE 1
Starting Materials for Hipping Experiments

Set Objective Variations Processing

Svstematic investigations

[ Influence of starting —-Starting density Compaction-limited
density and additive ~95 ~98", hot-pressing
concentration theoretical density

- Additive amount
low — high
- Softening temperature
low — high
I Influence of x/fB-phase x-content Varying of
composition ~70 -~ 107, hot-pressing time

Model experiments

I Filling of pores Additive amount Incorporation of an
low — high artificial 500 um
pore, sintering
v Rearrangement/change - Additive amount; Hot-pressing
of grain orientation softening temperature
in HPSN low — high
—x-content
~70-~0",
Vv Healing of cracks Additive amount/ Hot-pressing, Knoop

softening temperature, hardness indentation
low — high
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amounts of additive in order to change the characteristics of the liquid
phase: 5wt?, yttrium oxide + 1-1wt?% aluminium oxide and 15wt
yttrium oxide + 3-4wt % aluminium oxide.

To study the rearrangement of the f-silicon nitride grains during post-
hipping, hot-pressed materials with different types and amounts of additive
were prepared, which showed large differences in orientation.?” In all
materials complete a— f-silicon nitride phase conversion had occurred
(set IV).

Crack healing effects were studied with specimens where artificial cracks
were introduced by Knoop hardness indentation (load 50 kg). The damaged
surface zone was removed before hipping. The experiments were carried out
with two materials fluxed with different additives: Swt 9/ yttrium oxide and
8wt %, yttrium oxide + 2wt %, aluminium oxide + 4wt %/ silicon dioxide,
respectively (set V).

3.2. Hot isostatic pressing

The pre-sintered materials were post-treated by hipping without canning.
Only one set of specimens was encapsulated before hipping. The pre-
sintered samples were hipped in a boron nitride crucible. Boron nitride
powder was used to prevent reaction between the specimens. In most
cases hipping was carried out in the small-scale hipping equipment, "HIP
2000’ of National Forge, in nitrogen; some experiments were performed in
the ASEA press ‘QIH32’ in argon. The temperature was varied between 1750
and 1980°C. In all cases a pressure between 180 and 200 M Pa was applied.

3.3. Characterization methods

Materials were characterized before and after hipping by density
measurement, X-ray diffraction (silicon nitride phase analysis, orientation
for different hot-pressed silicon nitride materials) and microstructural
analysis, as well as by fracture strength and fracture toughness
measurements. Quantitative microstructural analysis was performed on
etched microsections. Following the method described in Refs 25 and 28, the
thickness, d, and length, /, of the elongated f-silicon nitride grains were
measured and the aspect ratio, @ = l/d, was determined.

Fracture strength was determined with specimens (3-5 x 4-5 x 45 mm) in
4-point bending (span 10/20/10 mm). Fracture toughness was measured by
the Vickers hardness indentation technique, applying a 20 kg load and using
the equations: 2°

(X/+2d)

Ke.=0111xPxb '3 b —
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The size and location of the artificial pores in the starting material, as well
as in the post-hipped samples, were determined by a microradiographic
method, described in Ref. 30. The size of the induced cracks by Knoop
hardness indentation was analysed using a procedure described in Ref. 31.

4. EXPERIMENTAL RESULTS
4.1. Summary of results of various post-hipping treatments

Figures 2, 3 and 4 summarize the data of density, flexural strength and
fracture toughness at room temperature for different materials which were
prepared and post-hipped. These materials contain different types and
amounts of consolidation additives and were pre-densified by pressureless
sintering or by hot-pressing using various processing conditions. These data
indicate some results which have been achieved by applying post-hipping to
various pre-densified silicon nitride materials.

Figure 2 gives the density values after hipping as a function of the density
of the starting material. For most materials an increase in density is
observed, which ranges for the materials with p > 909, theoretical density
from 0 to a maximum of 5%, The average density increase for these
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Fig. 2. Density values of post-hipped materials as a function of the relative density of the
starting materials. O, Argon; @, encapsulated; A, argon + powder bed; +:, nitrogen.
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Fig. 3. Flexural strength data of post-hipped materials as a function of the strength values
of the starting materials. O, Argon; A. argon + powder bed: 7, nitrogen.

pre-sintering conditions, however, is only about 1-1-5% . In no case 1s the
theoretical density approached. Here it should be noted that a decrease or
only a slight increase in density was observed for hipping in argon but also in
some cases for hipping under high pressure nitrogen for some relatively
dense materials. The reasons for this are the decomposition of silicon nitride
in argon, and the vaporization of the liquid phase in the surface area of
relatively dense materials or from the bulk of less dense silicon nitride grades
(which still exhibit open porosity) due to the high hipping temperatures. The
amount of vaporization mainly depends on the quantity and composition of
addittves (not shown here) which determine the properties of the liquid phase,
especially its refractoriness. In contrast to this density reduction, a density
increase can be observed in some cases with materials which still reveal a
certain amount of open porosity. These materials contain additives which
lead to further sintering at the hipping temperatures (7,,,> 7).

Figure 3 summarizes the flexural strength data before and after hipping.
These data indicate that an improvement of strength, but also a strength
degradation, can be obtained, independent of the strength level of the
starting material. Figure 4 shows the fracture toughness values before and
after hipping. Also in this case, an increase but also a reduction in fracture
toughness was observed for different materials. Here it is interesting to note
that the K values of those materials that already had a relatively high X
value in the pre-sintered state are clearly increased.



Post-treatment of pre-sintered silicon nitride by hipping

©

[s)]

FRACTURE TOUGHNESS ( post- hipped)/ MNmi?

L

.

o

—_

0

2

4L

6

8

43

FRACTURE TOUGHNESS las-received) / MNmi?

Fig. 4. Fracture toughness data of post-hipped materials as a function of the fracture
toughness values of the starting materials. @. Encapsulated; -, nitrogen.

As an example, Fig. 5 shows changes in density, flexural strength and
fracture toughness by post-hipping of various materials, in relation to the
additive composition. This demonstrates that neither are the property
changes simply related to the type and amount of additive.

In order to interpret these results, some systematic investigations and
model experiments were carried out (see Table 1) to evaluate the influence of
certain characteristics of the starting material on the post-densification
behaviour by hipping.

4.2. Results of systematic investigations

4.2.1. Influence of the density of the pre-sintered starting materials

Figure 6 shows the influence of the density of the starting material on the
final density after post-hipping for two material groups with 1 and Swt %,
yttrium oxide (set I, Table 1), i.e. different amount and viscosity of the liquid
phase. Each material group was prepared with a starting density <959,
and >959 theoretical density. These results demonstrate that a density
increase can only be observed if the starting materials contain no open
pores. In the case of the 1Y, yttrium oxide fluxed sintered silicon nitride,
the change from open to closed porosity occurs at about 94 %, theoretical

0

density. Below this value a decrease in density takes place, probably
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caused by the vaporization of the liquid phase. Here, however, it should
be mentioned that the density at which a material changes from open
to closed porosity cannot be specified accurately because the theor-
etical density of the materials is usually not known exactly due to
insufficient knowledge of the density of the secondary phases. The density
increase for the high-density materials is about 1-1-59%, of theoretical
density. For many materials investigated the density gains get smaller as the
density of the starting materials approaches the theoretical density. In no
casewas the theoretical densityreached for materials pre-sintered in nitrogen.

For purposes of comparison, Fig. 6 (left) presents the densification
behaviour of a pre-sintered low-density material by post-hipping, which was
encapsulated. In this case, nearly theoretical density was achieved. The high
densification was caused by a real pressure-assisted sintering effect, similar
to the densification process occurring during hot isostatic pressing of
powder compacts or RBSN, and probably by the control of the equilibrium
partial pressure of all components, thus avoiding vaporization.

As can be seen from Fig. 6, the amount of additive does not markedly
influence the post-hipping behaviour. To prove this, samples with different
amounts of additives were prepared in order to obtain an increasing
viscosity of the liquid phase. Again, two groups of materials were used, the
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first with a starting density of about 95 ?; theoretical density and the second
with about 98 %/ theoretical density. The results are summarized in Fig. 7.
The viscosity of the liquid phase is thought to increase within each group
from left to right. These results again show neither a relation of the post-
densification behaviour to the viscosity of the liquid phase nor to its
quantity. Therefore, the conclusion may be drawn that besides density other
microstructural characteristics exert a strong influence on the post-
densification behaviour, whereas the amount and viscosity of the liquid
phase is of secondary importance.

4.2.2. Influence of the silicon nitride phase composition ratio (%/ ) in the pre-
densified starting materials
Figure 8 shows the influence of the silicon nitride phase composition ratio
(/) of pre-densified magnesium oxide fluxed starting materials on the final
density and phase composition ratio, as well as on flexural strength and
fracture toughness after hipping at 1850 °C in nitrogen (set II, Table 1).
The density of the hot-pressed starting materials increases slightly with
higher p-phase content. The final density of all post-hipped materials rises
by about 0-:02Mgm ™2 and is independent of the f-phase content of the
starting materials. The f-phase content of the post-hipped materials is
dependent on the phase composition of the starting material. Only for high
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B-phase content in the pre-densified specimens does complete phase
transformation occur during hipping under these conditions.

Fracture toughness increases for all materials after post-hipping. A slight
improvement of K, with higher f-phase content in the pre-densified
materials was observed; this means that there is the same tendency as in the
starting material. The strength data reveal no change.

4.3. Model experiments
4.3.1. Incorporation of artificial pores

The results given above show that in nearly all materials with closed porosity
a slight reduction in total porosity was achieved by post-hipping. In order to
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study the mechanisms of porosity reduction, artificial pores were introduced
(Fig.9, set III, Table 1). These experiments were carried out with two
materials containing different additive compositions, i.e. with different
amount and characteristics of the liquid phase: Swt9, yttrium
oxide + 1-1wt 9%, aluminium oxide and 15wt9% yttrium oxide + 3-4wt 9,
aluminium oxide. In the case of a high amount of liquid phase, complete
filling of the artificial pore was observed (Fig.9(c)) as determined by
microradiographic and SEM evaluation. The material in these pores is
characterized by very fine grains, lower hardness and a somewhat higher
silicon/yttrium ratio compared to the characteristics of the matrix.
However, in the case of the material with a lower amount of liquid phase, the
large artificial pore was not filled completely. This means that the effect of
pore filling is dependent on the amount and probably on the viscosity of the
liquid phase.

4.3.2. Influence of post-hipping on the grain orientation of hot-pressed
materials

Though the elimination of residual macropores by the reduction of pore size
occurs during post-hipping, the question still remains why, in most cases—
even for as-received materials with residual a-phase content-——complete
densification cannot be achieved. A possible answer is that during post-
hipping of pre-densified materials no essential rearrangement of the
elongated f-Si;N, grains takes place and, consequently, the reduction of
porosity is limited (‘bridge effect’). Thus, the microstructure and the pore
structure of the post-hipped materials are mainly controlled by the
microstructure of the starting materials (characteristics of the liquid phase
and arrangement of the -Si;N, grains).

This hypothesis was proved by post-hipping HPSN with different types
and amount of additive (set I'V, Table 1). It is well known that hot-pressed
materials exhibit a strong grain orientation. The reason for this is that the
elongated $-Si;N, grains crystallize during hot-pressing in such a way that
their direction of elongation, which coincides with the crystallographic
c-axis of the hexagonal f-phase, is oriented perpendicular to the hot-pressing
direction. This preferred orientation results in a pronounced anisotropy of
strength, fracture toughness and thermal properties.*? The orientation
effect was found to be dependent on the type and amount of additive.?” This
is demonstrated in Fig. 10 for materials with different magnesium oxide and
yttrium oxide concentrations. In this graph the orientation effect is indicated
by the X-ray intensity ratio /(200)/1(002) of the hexagonal -Si;N, phase.
This figure also demonstrates that post-hipping does not result in any
marked change of the -Si;N, grain orientation. Only if starting materials
with high residual a-Si;N, phase are post-hipped (Fig. 11) does the average
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Fig. 10. Influence of post-hipping on the grain orientation of hot-pressed materials
(Bi(x+ B)y=1): B-Si;N, intensity ratio [(200)/1(002) as a function of the additive
concentration for hot-pressed (HP) and post-hipped (HP + HIP) materials. ||HP: measured

parallel to the hot-pressing direction. L HP: measured perpendicular to the hot-pressing
direction.

orientation become smaller after hipping, because the newly-formed
B-Si,N, grains precipitate without orientation, due to the isotropic pressure.

4.3.3. Introduction of artificial cracks and crack healing experiments

In order to study the effect of enhanced crack healing during hipping, two
materials with large differences in the viscosity of the liquid phase were pre-
cracked using the Knoop hardness indentation technique and the flexural
strength was measured before and after hipping (set V, Table 1). Figure 12
shows the fracture strength for two materials fluxed with Swt Y/ yttrium
oxide (high viscosity of the liquid phase) and yttrium oxide + aluminium
oxide + silicon dioxide additives (low viscosity of the liquid phase) in the
uncracked and pre-cracked as-received state. Hipping results in an
improvement of the fracture strength of both pre-cracked materials. The
strength data are only limited by decompositional effects during hipping, as
can be seen from the strength reduction of the uncracked material.

One important effect of post-hipping is the reduced scatter of strength
data. This is demonstrated in Fig. 13 for three hot-pressed materials which
were very badly machined. The improvement in data scatter after hipping is
mainly caused by the healing of cracks; however, the elimination or
reduction of residual pores may additionally contribute to this effect.
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5. DISCUSSION

The experimental results, particularly the systematic investigations and
model experiments, permit some conclusions to be drawn about the
microstructural changes which take place during post-hipping of pre-
sintered materials and about the effect of these changes on the mechanical
properties.

5.1. Microstructural changes

In nearly all materials with closed porosity sintered in nitrogen a
slight reduction in total porosity was achieved by post-hipping. The
change in density becomes smaller as the density of the pre-sintered
material approaches the theoretical density. In the authors’ experiments
with holding times of <1h at maximum temperature, theoretical density
was not obtained. Here it should be noted, however, that for long holding
times ( > 6 h) theoretical density has been reached.*® As the experiments with
artificial pores indicated, the reduction of residual porosity is caused at least
partially by filling of pores due to viscous flow of the liquid from two grain
boundaries (or triple points) into the pores. Thus, pore filling is controlled
by the viscosity and the amount of liquid phase. The difference between the
compositions of the pore filling and the grain boundary phase might be
caused by the silicon monoxide condensation, released by the liquid phase,



Post-treatment of pre-sintered silicon nitride by hipping 53

and by the presence of silicon nitride whiskers within the pore which may be
formed by a gas phase reaction during sintering or during the first stage of
hipping.

One important reason for the limitation in porosity reduction, however, is
that during the post-treatment of pre-densified materials by hipping no essen-
tial rearrangement of the elongated f-Si;N, grains takes place, as demon-
strated by post-hipping experiments of pre-hot-pressed materials. Even for
starting materials with a certain amount of residual o-Si;N, phase the density
increase 1s controlled by the interlocking of the elongated p-Si;N, grains in
the pre-densified materials (‘bridge effect’ during the application of high
pressure). This observation is independent of the type and amount of
additive.

Although the arrangement of grains during post-hipping of pre-sintered
(or pre-hot-pressed) materials is not changed considerably, in many cases
globularization (indicated by the decrease in the aspect ratio of the
elongated p-Siy;N, grains) and grain coarsening take place. Both
microstructural changes are dependent on the microstructure of the pre-
sintered materials and the hipping conditions. Two typical examples are
shown in Fig. 14. Here, as in most cases, a decrease in the length, /, and the
aspect ratio, a, of the elongated p-Si;N, grains has been observed. In both
materials these changes are associated with density gains and an increase in
fracture strength and fracture toughness. This is unusual behaviour, as the
change in grain morphology towards equiaxed grains, due to long soaking
times and high temperatures, usually leads to a strength degradation, as
shown schematically in Fig. 15. Therefore, other mechanisms seem to affect
the mechanical properties of post-hipped pre-sintered silicon nitride
materials, as will be discussed in Section 5.2. Apart from these examples, the
globularization and coarsening of the f-Si;N, grains often resulted in a
reduction in fracture strength and/or in some cases in fracture toughness.
Thus, the processing parameters, temperature, time, pressure and atmos-
phere, are important, and the optimum conditions depend on the type and
concentration of the additives.

The choice of temperature and atmosphere is limited by the decom-
position of the silicon nitride and the vaporization of the liquid phase at high
temperatures. Both effects result in microcavities in the surface area and in
pore formation in the sub-surface zone which lead to strength degradation.
This means that the hipping temperature and atmosphere have to be
optimized for the different additives to avoid these negative effects. In order
to minimize the thermal decomposition of the silicon nitride, hipping of
unencapsulated materials is preferably carried out under high nitrogen
pressure, and/or the preforms have to be embedded in a powder bed
consisting of a mixture of silicon nitride and sintering additives.
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strength (o) and fracture toughness (K).

All these microstructural changes, which can occur during post-hipping,
have to be considered when the mechanical properties of post-hipped
materials are discussed.

5.2. Mechanical properties

A number of investigations show that the fracture strength of dense silicon
nitride is generally controlled by various microstructural characteristics: the
elongated f-Si3;N, grains frequently characterized by the aspect ratio, a
(@t —o17); the grain dimensions (grain size T—¢]); and the residual
porosity, P (P1— o). Quantitative microstructural characterization of
different types of dense silicon nitride, and the interdependence with
mechanical properties, permit the conclusion to be drawn that the major
factor controlling fracture strength (and fracture toughness) is the aspect
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ratio of the f-Si;N, grains.?+?%2® The influence of grain size on fracture
strength has been found to be essentially smaller. Nevertheless, there are
some indications that other parameters, such as the amount and properties
of the glassy phase, also have an influence on room-temperature strength.

The mechanical properties of silicon nitride after hipping are mainly
controlled by the following changes: (i) the slight reduction of total porosity,
(i1) the elimination or reduction of residual macropores, (iii) the healing of
cracks, and (iv) the variation in grain size and grain morphology.
Additionally, microcavities in the surface area may be created if during
hipping in argon, or partly also in nitrogen, chemical decomposition cannot
be avoided.

The slight reduction in total porosity and the filling of residual pores and
other cavities result in an improvement of fracture strength, both of the
absolute values and of the data scatter.

As is known from the literature, crack healing can occur in dense silicon
nitride during post-annealing at temperatures higher than 900°C,
depending on the composition of the sintering additives.?! Crack healing
results in an improvement of mechanical properties, the absolute strength
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and data scattering. Annealing treatments in different atmospheres indicate
that two mechanisms are mainly responsible for crack healing: (a) formation
of cristobalite and silicates on the surface due to the effect of atmospheric
oxygen and (b) the viscous flow of the liquid phase. The extent of crack
healing is dependent on the viscosity and the amount of liquid phase. In the
case of high viscosity and low amounts of liquid, as used for high-
temperature materials, crack healing is limited. For these materials the
healing of cracks is enhanced by applying high pressure at high temperature
during post-hipping. In particular, the improvement of the scatter is one of
the main advantages of post-hipping of pre-sintered silicon nitride.

The quantitative microstructural analysis of various materials before and
after post-hipping clearly demonstrates that in many cases a globularization
and coarsening of the 5-Si;N, grains takes place (see Fig. 14). Usually these
effects result in a reduction of fracture strength and fracture toughness.
Nevertheless, for the post-hipped materials no clear relationship was
observed between fracture toughness, K, and the aspect ratio, «a: for
example, K| can be increased by post-hipping, though the aspect ratio is
reduced. Consequently, other parameters must be effective. These results
may be explained by the build-up of residual stress and by plastic
deformation of the elongated §-Si;N, grains during post-hipping, which
strengthens the interlocking growth and leads to a stronger linking of the
elongated fB-Si;N, grains. This assumption seems to be confirmed by
observations in the literature.!” ~!'* TEM studies are under way to prove this
effect.

In the case of fracture strength, no systematic interdependence was found
to exist between strength data and the aspect ratio, a. Usually, strength
degradation is expected with decreasing a value; this result, however, was
not observed in all cases. The reason for this is that fracture strength of post-
hipped materials is determined by the improvement of fracture toughness,
and additionally by the reduction of pore size effects and by crack healing.
Which effect is dominant depends on the morphology and arrangement of
the f-Si;N, grains and the characteristics of the liquid phase as well as on the
hipping conditions.

6. SUMMARY AND CONCLUSIONS

The systematic investigations and model experiments allow some con-
clusions to be drawn about the factors which determine the post-hipping
behaviour of pre-sintered silicon nitride materials, the mechanisms being
effective and the resulting properties:

(a) Post-hipping of pre-sintered silicon nitride without canning pri-
marily demands materials which reveal only closed porosity. This is
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usually the case above about 94 9/ theoretical density of the starting
material, otherwise encapsulation is necessary.

In many cases only a slight increase in density was observed with
materials pre-sintered in nitrogen. The reduction of residual porosity
1s caused by the filling of residual macropores, which may occur by
squeezing out liquid phase from grain boundaries and triple
junctions. A prerequisite is a sufficiently high amount of low-
viscosity liquid phase.

Though post-hipping may lead to an increase in density, in no case
has theoretical density been achieved. One reason seems to be the
rearrangement of the mainly elongated p-Si;N, grains in pre-
sintered silicon nitride compacts during hipping being prevented by a
‘bridging’ effect.

The mechanical properties of hipped materials at room temperature
are controlled by an overlapping of different effects. Essential
positive effects are the slight density increase, particularly the filling
of residual macropores or the reduction of the pore size, and the
enhanced healing of cracks. Negative effects are the grain coarsening
and grain globularization, as well as surface defects caused by
vaporization of the liquid phase and decomposition of silicon nitride
during hipping.

As a result, a marked increase of strength levels is not observed.
However, the scatter of strength values can be reduced and fracture
toughness values often are improved. The latter observation seems to
depend on a more intensive interlocking of the elongated -Si;N,
grains, supported by local plastic deformation at the grain contact
points. This is one more positive effect during post-hipping.
Which effect is decisive depends on the morphology and arrangement
of the -Si; N, grains and the characteristics of the liquid phase in the
starting pre-sintered materials, as well as on the hipping conditions.

Therefore, an improvement of properties of pre-sintered silicon nitride by
post-hipping demands optimized hipping conditions, as well as a well-
defined microstructure of the pre-sintered starting material.
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SUMMARY

The sintering behavior of co-deposited aluminum oxide -titanium dioxide
powder prepared by a flame chemical vapor deposition (CV D) technique was
studied in the compositional range of 56-73-5wtY, aluminum oxide.
Significant densification was observed between 1100 and 1300°C with the co-
deposited powder of stoichiometric composition, or of a slight excess
aluminum oxide content. The titanium dioxide crystallites appeared to
accelerate the densification when they were sufficient in amount and
homogeneously mixed with the aluminum oxide. The excellent sinterability
of these powders of relatively lower aluminum oxide content resulted in
dense (maximum 95-5%, of theoretical) and large-grained (20-50 ym)
aluminum titanate ceramics at higher temperatures, while the micro-
structures of specimens from the mechanically mixed powder or from the co-
deposited powder having an excess of aluminum oxide were porous and fine-
grained. In the case of the co-deposited powder containing slight excess
aluminum oxide, small (1-3 um) aluminum oxide particles were dispersed on
the boundary of B-Al,TiO grains.

1. INTRODUCTION

Aluminum titanate (Al,TiO,) is known as a ceramic material of low thermal
expansion,!+? but its application for commercial uses is rather limited,
59
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mainly due to its very low mechanical strength. The significant thermal
expansion anisotropy of aluminum titanate, when the grains are larger than
a critical size, causes extensive intergranular cracking and dilation during
cooling after densification, which results in a low thermal expansion
coefficient but also in low mechanical strength.?

In the previous studies on the pressureless sintering of aluminum
titanate,* ~°® two categories of starting powder were used: mixed powders of
aluminum oxide and titanium dioxide, and synthesized aluminum titanate
powders. The latter showed better sinterability and gave a higher bend
strength than the former. There still appeared to exist some room for
improvement in sinterability and possibly in the mechanical properties,
since the maximum density achieved with the synthesized powders was only
about 94 % of theoretical.®

The authors have initiated a chemical vapor deposition (CVD) technique
to produce ultrafine sinterable two-component ceramic powders using a
combustion flame process.” The usefulness of this technique was
demonstrated by achieving dense zirconium dioxide-toughened alumina
ceramics with a homogeneous zirconium dioxide dispersion from the CVD
aluminum oxide-zirconium dioxide powders.?

The same technique has been applied to produce aluminum
oxide-titanium dioxide powders in the compositional range of 56-73-5wt %
aluminum oxide, resulting in ultrafine ( ~40 nm) spherical particles which
contained y-Al,O; and minute (~10nm) rutile (TiO,) crystallites.® The
purpose of this study is to investigate the sintering behavior of the CVD
aluminum oxide—titanium dioxide powders.

2. EXPERIMENTAL

Three compositions of the co-deposited aluminum oxide-titanium dioxide
powders (55-9, 61-8 and 73-5wt % aluminum oxide), CVD aluminum oxide
(o-phase) and titanium dioxide (mainly anatase) were produced by the flame
CVD technique using the same reaction temperature and time. The average
particle sizes of these powders ranged from 30 to 50nm, and the co-
deposited powders consisted mainly of y-Al, O, particles containing minute
(=~10nm) rutile crystallites.® The three co-deposited powders and the
mixture of the CVD aluminum oxide and titanium dioxide powders
(adjusted to be 61-8wt 9, aluminum oxide) were dispersed into ethanol by
ultrasonic agitation and filtered by filter paper (nominal size 7 um) to remove
foreign material. Each of the powder slurries which passed through the filter
was centrifuged, dried and calcined at 800°C for 1| h. The calcination was
intended to remove residual chloride ions from the powders because
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chloride ions are generally known to hinder the densification,'® but, at the
same time, slight changes in crystalline phases were observed. The anatase
which existed as a minor phase in the co-deposited powders, transformed to
rutile, and the aluminum oxide became more like é-phase rather than y-
phase.’

The calcined powders were ball-milled using a plastic lined mill and plastic
media in water, together with a surfactant (Yukanol NCS, Tetsuno Yuka,
Japan) for 40 h, dried at 80°C for more than two days and milled again in a
mortar. The powders were uniaxially shaped into pellets, isostatically
pressed at 294 MPa, and dried further. Subsequent to the green density
measurements, the specimens were preheated at 250 °C for 2 h and at 500°C
for I h to remove free water and sintered between 1000 and 1600 °C for | hin
an air atmosphere by means of a ‘Kanthal Super’ box furnace. The
temperature was raised from 500°C to the target temperature in less than
20 min, and the furnace was cooled rapidly after sintering by switching off
the power.

The densities of the specimens were determined by the weight/dimension
measurements; some were confirmed by an Archimedes method using
mercury displacement. The relative density calculations were simplified by
assuming that the only phases in the theoretically dense specimens were
p-Al,TiO; and o-Al,0O,, though aluminum titanate was not detected
in the specimens sintered at temperatures up to 1200°C. The theoretical
densities of $-Al,TiO,'! and «-Al,0,'? were assumed to be 3-702 and
3-987 Mgm ~?, respectively.

X-ray diffraction (XRD) analyses using Cu-Ka were made mainly on the
as-sintered surfaces of the specimens and the microstructures were observed
by scanning electron microscopy (SEM) on the fractured surfaces.

3. RESULTS AND DISCUSSION
3.1. Phase changes during sintering

Figure | shows the change of XRD profile as a function of sintering
temperature with the specimens of 61-8wt?, aluminum oxide. Similar
changes of XRD profiles were observed with specimens of different
compositions, except that the intensities of «-Al,O, and rutile varied
according to the composition.

Between 1000 and 1200°C, the only phases detected were «-Al,O; and
rutile. The phase changes of Al,0, from y or  to « occurred below 1000 °C,
whereas they occurred at temperatures higher than 1000°C, without
titanium dioxide addition'? or without compaction.? Titanium dioxide
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Fig. 1. Phase changes taking place during sintering in the case of powder No. 605 (co-

deposited powder, 61-8 wt *, aluminum oxide). The XRD measurements were made mainly

on the as-sintered surfaces. The inside of the specimen sintered at 1500 °C was measured for
comparison.

appeared to accelerate the Al,O; phase changes from y or 0 to « especially
when the powder was compacted. This is in contrast to the fact that a
zirconium dioxide addition to 5-Al, O, retarded the Al,O, phase change.'”

The reaction of a-Al,0; and TiO, to form f-Al, TiO, started to occur
between 1200 and 1300°C. The amount of unreacted aluminum oxide and
titanium dioxide decreased when the temperature was raised further. The
p-Al, TiO4 peaks indicated a strong orientation of the crystallites at high
temperatures, especially when the composition was close to the stoichio-
metry of aluminum titanate. The (200) and (110) surfaces, especially the
former, of $-Al,TiO, appeared to be preferentially oriented parallel to the
sintered surface.

Other phases, such as ‘X-phase’ reported by Gani and McPherson'? or
‘Y -phase’ detected by calcining the co-deposited aluminum oxide-titanium
dioxide powders,”? were not observed.
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3.2. Densification behavior

The densification behavior appeared very different from that of conven-
tional ceramic materials and strongly dependent on the powder composition
and characteristics. As shown in Fig. 2, significant densification occurred
between 1100 and 1200°C with the co-deposited powders of stoichiometric
composition and with those with a slight excess aluminum oxide content
{powder Nos 602 and 605). The densification did not proceed at such low
temperatures with the co-deposited powder having an excess of aluminum
oxide (No. 608) or with the mechanically mixed powder (No. 609).

The formation of $-Al, TiO4 appeared to retard densification. At 1300 °C.
the formation of f-Al, TiO, was so slow that the densification had progressed
significantly before Al,TiO, was formed. At 1400°C, the densities of speci-
men Nos 608 and 609 decreased because f-Al,TiOg was formed quickly
before sufficient densification could take place. At temperatures higher than
1300 °C more severe microcracking was caused by the further formation of
p-Al, TiO; and the development of preferred orientation and, ascan be seen
in the case of Nos 602 and 605, this resulted in slightly lower densities.
Specimen Nos 608 and 609 were densified further between 1400 and 1600 °C,
as the driving force for densification became larger, because some porosity
remained in these specimens.
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Fig. 2. Densification behavior of CVD aluminum oxide-titanium dioxide powders.
Comparisons were made on compositions and between the co-deposited and the
mechanically mixed powders.
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It appeared advantageous to use the co-deposited powders of stoichio-
metric composition or of a slight excess aluminum oxide content because
higher densities could be achieved before the formation of -Al,TiOs. In
comparison with the densification behavior of the synthesized aluminum
titanate powder reported by Ohya er al..° these co-deposited powders
showed superior sinterability. The densities achieved from the co-deposited
powders at 1200°C for 1 h and at 1300°C for 1 h were 89°, and 95-5", of
theoretical, respectively, which should be compared with 72°  and 78" at
1300°C for 2 and 4 h, respectively, achieved by the synthesized powder.

The reason for the low-temperature densification with these powders can
be attributed to the existence of ultrafine titanium dioxide crystallites. As
Yan and Rhodes'? showed, titanium dioxide powders can be sintered at very
low temperatures, especially when they are small in size and agglomerate-
free. The rutile crystallites contained in the y- or 3-Al, O, particles are more
effective at increasing the sinterability of aluminum oxide-titanium dioxide
mixture than independent titanium dioxide particles mechanically mixed
with aluminum oxide, not only because of their smaller sizes but also
because of the better contact with aluminum oxide as hypothesized in the
following. The rutile crystallites are probably swept out to the surface of the
particles when Al,O, transforms from 7 (or o) to x, and then the
densification is strongly enhanced by these titanium dioxide crystallites on
the surface of aluminum oxide particles. It appears important to obtain a
sufficient amount of fine titanium dioxide crystallites attached to the surface
of aluminum oxide particles, since the densification does not proceed at such
low temperatures when the amount of titanium dioxide is small (No. 608) or
when the powder is mechanically mixed (No. 609).

3.3. Microstructural observations

Figure 3 shows the scanning electron micrographs (SEMs) of the fractured
specimens. The dependence of microstructure on sintering temperature was
compared in the case of 61-8wt "  aluminum oxide (No. 605). At 1200°C
(Fig. 3(a)), the microstructure consisted of small (=1 um) aluminum oxide
and titanium dioxide grains and appeared fairly dense despite the low
sintering temperature. At 1300°C (Fig. 3(b)), as the result of -Al,TiO.
formation, the microstructure consisted of large (average =350 pum)
aluminum titanate grains and intergranular microcracking, while high
density was achieved. The excess aluminum oxide appeared to be dispersed
mostly as small (average ~3 um) particles on the grain boundaries. Despite
the high density and the large aluminum titanate grain sizes. the
microcracking was not very severe, probably due to the incompleteness of
the reaction between Al,O; and TiO, to form f-Al,TiO;. At 1500°C
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(61-8wt 7, Al,O,) sintered at 1200, 1300 and 1500°C for 1h, respectively. (d), (e} and ().
sintered at 1500°C for 1 h from No. 602 (55-9wt ‘%, Al,0,), No.608 (73-5wt ] Al,O;) and
No. 609 (61-8wt %, Al,O;, mechanically mixed), respectively.
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(Fig. 3(c)), the grain sizes were smaller (average 20-30 um) and microcrack
density was higher than those at 1300 °C. The reason can be attributed to the
higher density of nucleation sites of -Al, TiO4 resulting from the larger
chemical driving force. The excess aluminum oxide was also dispersed on the
grain boundaries but in smaller particle sizes. It appeared that the sintering
schedule strongly influenced the microstructure.

The dependence of microstructure on the composition and powder
characteristics was compared between specimens sintered at 1500°C for 1 h
in Figs 3(c), (d), (e) and (f). The specimens sintered from the co-deposited
powder of stoichiometric composition (Fig. 3(d), 55-9 wt %; aluminum oxide)
showed almost the same aluminum titanate grain sizes and microcrack
density as those of slight excess aluminum oxide, but the surfaces of
aluminum titanate grains with the stoichiometric composition were very
smooth, whereas those having a slight excess of aluminum oxide (Fig. 3(c))
were spotted and rugged, due to fine aluminum oxide particles. The
specimens sintered from co-deposited powder of 73-5wt 9, aluminum oxide
(Fig. 3(e)) showed a porous microstructure of small grains. The existence of
an excess of aluminum oxide prevented the densification and, at the same
time, suppressed the grain growth. The specimens sintered from the
mechanically mixed powder of 61-8 wt %, aluminum oxide (Fig. 3(f)) showed
a noticeably porous microstructure due to the poor sinterability. The co-
deposited powder of the same composition achieved much higher density, as
is apparent when Figs 3(c) and (f) are compared.

4. CONCLUSIONS

The co-deposited aluminum oxide-titanium dioxide powders of stoichio-
metric composition and with a slight excess aluminum oxide content
showed excellent sinterability which could be attributed to the fact that there
were sufficient titanium dioxide crystallites present which were very small in
size and homogeneously mixed with the aluminum oxide. The micro-
structures of specimens sintered from these highly active powders at the
higher temperatures appeared to be influenced by the amount of excess
aluminum oxide and also by the density of nucleation sites for aluminum
titanate formation.

These highly active powders can give more flexibility of processing
parameters in controlling the microstructures and properties of aluminum
titanate. Further study is in progress as to how the processing parameters.
especially the sintering schedule, can affect the microstructures and
properties.
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Ceramics for High Performance Rolling Element
Bearings: A Review and Assessment
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SUMMARY

Modern, high performance structural ceramics offer the potential for a
significant increase in many of the performance characteristics of both
rolling element and sliding contact bearings. Thus, substitution of high
performance ceramics for conventional metals is becoming an increasingly
attractive option in applications where systems performance is currently
constrained by state-of-the-art bearing technology. This paper will review
the potential benefits of ceramics and provide selected examples where these
benefits have been demonstrated in research and development programs. The
emphasis will be on rolling element bearings. The desired properties for
ceramic bearings and the properties of currently available high performance
ceramics will be reviewed. The problem areas which are impeding the
implementation of ceramic bearing technology, and directions for future
research and development to resolve these impediments, will be discussed.

1. INTRODUCTION

The development of the first high performance structural ceramic, fully
dense hot-pressed silicon nitride (HPSN), in the late 1960s coincided with a
growing awareness that new materials for rolling elements would be required
to meet the evermore stringent systems demands imposed on aircraft gas

69
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DEMONSTRATED BEARING ENHANCED
PERFORMANCE IMPROVEMENTS SYSTEMS PERFORMANCE
©{NCREASED LIFE o REDUCED SPECIFIC FUEL

CONSUMPTION (SFC)
o INCREASED SPEED
® INCREASED TIME BETWEEN
oREDUCED HEAT GENERATION OVERHAUL

oLUBRICATION STARVATION TOLERANCE o INCREASED POWER DENSITY
o INCREASED OPERATING TEMPERATURE

®INCREASED CORROSION RESISTANCE

BRINELLING RESISTANCE

Fig. 1. Potential benefits of ceramics in bearings.

turbine bearings. Thus, the past dozen years have seen a number of modestly
funded research and development programs aimed at the application of
HPSN element bearings in high performance gas turbine engines.! =7 What
advantages do high performance ceramics offer the bearing designer to merit
this effort?

Figure | lists the effects that ceramic elements could have on bearing
performance. These benefits have their ultimate pay-off in several areas of
enhanced systems performance, also listed in Fig. 1. The increased fatigue
life of HPSN rolling elements has been demonstrated for roller elements by
Baumgartner,? and for balls by Dalal,* both via rig tests. Baumgartner? has
reported verification of the increased fatigue life of HPSN rolling elements
in actual bearing tests. In this reference, Baumgartner also discusses the
mechanism of fatigue failure in NC-132 HPSN.,* pointing out that the
fatigue spalls which cause failure result from non-elastic behavior of this
material. The increased fatigue life of NC-132 HPSN rolling elements (balls)
is very dependent on the quality of the surface finish, as shown by Dalal's
data in Table 1* and Sibley’s data.” Increased speed (DN) results from the
lower mass density of silicon nitride as compared to steels. This lower
density will also reduce skidding. Sibley” has pointed out that ceramic balls
can reduce heat generation. Thus, they may allow the reduction of the size of
oil cooling systems, thereby reducing cost and vulnerability.

Perhaps one of the most intriguing benefits of ceramic rolling element
bearings is the possibility of lubrication starvation tolerance. Bersch® has
reported that a bearing with HPSN rollers survived a rig test for 117 h with
the lubricant shut off. The bearing condition at the end of the test was
reported as ‘good’! Figure 2 shows the result of a lubrication starvation test

* NC-132 is a commercial hot-pressed silicon nitride (containing magnesium oxide additive)
manufactured by the High Performance Ceramics Division of Norton Company, Worcester,
Massachusetts, USA.
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TABLE 1
Rolling Four-ball Fatigue Life Test Data on 17-5mm CVM M-50 Steel and Silicon
Nitride Balls Finished by Various Methods

Spindle ball Spindle  Max. Hertz No.of CVM Test life Spindle ball
speed stress M-50 steel  ]10° revs  condition
Jrom /G Pa (ksi)y support ball after test
set failures
M-50 5200 4-7 (680) 0 20-2 Spalled
0 32 Spalled
1 260 Spalled
0 11-0 Spalled
0 7-1 Spalled
0 117 Spalled
As-received 5200 4.7 (680) 2 1173 Spalled
silicon nitride 10000 5:5 (800) 1 120 Spalled
(NC-132) 10000 55 (800) 0 666 Spalled
10000 5-5 (800) 0 24:6 Spalled
10000 5-5 (800) 1 41-5 Spalled
10000 5-5 (800) 2 18-3 Spalled
Diamond lapped 10000 5-5 (800) 1 190-8 Intact
silicon nitride 1 1836 Intact
(NC-132) 3 183-0 Intact
1 182-4 Intact
3 102:0 Spalled
3 1836 Intact

of an all NC-132 HPSN (except for the cage) roller bearing in an engine. All
components survived approximately one hour of full engine testing. This
attribute of silicon nitride for rolling element bearings offers enormous
potential for aircraft safety in general and battlefield survivability in
particular. Sibley has reported”’ that in one instance an HPSN ball bearing,
with M-50 steel races running at 93 000 rpm and 200 N load, survived the
complete destruction of the cage. In this instance the HPSN balls and M-50
races both emerged in excellent condition. This is further substantiation of
the ability of HPSN rolling elements to endure very abusive environments.

Given the above benefits of ceramics, their future application in high
speed and ultrahigh speed turbomachinery would seem to be a natural
progression. A potential application for ceramic roller bearings is the
adiabatic turbocompound diesel engine (ATDE). In the ADTE there is no
radiator (or forced cooling), the cylinder walls are insulated and waste heat
previously rejected to the environment via the radiator is now entrained in
the exhaust. The hot exhaust is then run through a small gas turbine, the
output of which is geared back into the main power shaft. This is the
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Fig. 2. NC-132 HPSN roller bearing tested in an engine 50 min at 39 000 rpm without
lubricant.

turbocompounding feature. The ultimate refinement of such an engine is the
minimum friction-minimum heat rejection ATDE as described by Bryzik
and Kamo.® In this refinement, as illustrated in Fig. 3, sliding friction is
converted into rolling friction with an attendant reduction of friction by a
factor of 3-5 times. If the piston rings are replaced by a piston which
operates as a gas bearing, as also shown in Fig. 3, friction and heat rejection
will be further reduced. Full implementation of this concept requires
bearings which do not require oil lubrication or oil cooling. Thus, dry
lubricated ceramic bearings are the currently favored design option. Should
this be demonstrated as feasible technology, the demand for ceramic roller
bearings could be very large. In any event, it is apparent that there are
several applications in which ceramic bearing elements would provide
significant benefits. We now turn our attention to the question *Which
ceramics?.

MINIMUM FRICTION - MINIMUM HEAT LOSS
ADIABATIC DIESEL

f)'( ASSEMBLY
SLIDING —= ROLLING CONTACT 1o

® PROJECTED REDUCTION IN FRICTIONAL LOSSES
BY 3-5X

oSOLID LUBRICANT HI TEMPERATURE CAPABILITY
CERAMIC ROLLER BEARINGS WILL BE REQUIRED
TO ELIMINATE HEAT LOSS VIA COOLING OIL

Y [PRY-LUBE
N ICERAMIC ROLLER

*AIR BEARING PISTON/CYLINDER TO ELIMINATE BEARINGS

SLIDING FRICTION

Fig. 3. Ceramic bearings for diesel engines.
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2. POTENTIAL CERAMIC BEARING MATERIALS

Before discussing which ceramics have potential for application as bearing
materials we must have a clear idea of what properties we would like in an
enhanced bearing material. Table 2 provides such a listing. The desire for
low density has been discussed above. However, it is important to point out
that low density cannot be provided by porosity in the bearing material.
From a microstructural standpoint the bearing must be essentially 1009,
theoretical density. The need for hardness, strength and corrosion resistance
are self-explanatory. While a high fracture toughness is listed as a desired
property, this must be put into the proper context. M-50 steel, the state-of-
the-art high performance bearing steel, has a fracture toughness of only
about 15MN m™ %2, Hot-pressed silicon nitride, which gives excellent
rolling contact fatigue life, has a fracture toughness value of only
5MN m~*2. Thus, a value somewhere between 5 and ISMNm ™ %2 is a
realistic goal. What is of note is that while fracture toughness is an important
parameter for high performance bearings, the magnitude of the toughness
which is required is much less than in many other highly loaded structural
applications. This is an important point for the application of ceramics to
such bearings. A low value of elastic modulus, E, is desired to minimize
contact stresses. However, all of the current generation high performance
ceramics (silicon nitride, silicon carbide and zirconia) have values of E equal
to, or significantly greater than, steel. The upper use temperature listed is far
above that which any oil-lubricated bearing could tolerate. However, under
lubrication starvation or uncooled, dry lubricant conditions, such high
temperature capability is to be desired. Finally, we must address the subject
of failure mode. While we do our best to reduce the possibility of bearing
element failure (and consequently bearing failure), we cannot entirely
eliminate it. Thus, when a bearing element does fail it should be in a
relatively benign mode such as spalling, rather than by catastrophic

TABLE 2
Desired Properties for Bearing Ceramics

Fracture toughness, K, High >5MNm™*?
Hardness High >1200kg mm ™"
Elastic modulus Low <210 GPa
Density Low <4Mgm~?
Bend strength High > 700 MPa
Corrosion resistance High —

Upper use temperature High >800°C

Failure mode “Steel-like’ Small spalls

spallation
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TABLE 3
Properties of High Performance Structural Ceramics and M-50 Steel
Property Silicon Silicon Alumina Zirconia M-50 steel
nitride carbide
Description Hot-pressed Sintered Fully Sintered Wrought
NC-132 dense  transformation- ingot
sintered toughened

Fracture toughness, K. 5-6 4 5 8-10 12-16
/MNm™3¥2

Hardness, H ~1800-2000 ~2800 ~2000 ~ 1300 ~ 800
/kgmm 2

Elastic moduius, £ 310 410 385 205 210
/GPa

Density, p/Mgm™?3 32 31 4 56 8

Modulus of rupture 700 450 550 600-900 NA
iMPa

Corrosion resistance High High High High Moderate

Upper use temperature 1100 1 400 1000+ 800-900 325
1°C

Failure mode Spalling Fracture  Fracture Spalling Spalling

fracture. Clearly, the spalls should be as small as possible and certainly not
significantly larger than those resulting when M-50 bearing elements fail.

Given the above list of desired properties, how do the modern high
performance structural ceramics appear? Table 3 lists the properties of NC-
132 HPSN, sintered silicon carbide, sintered alumina, sintered trans-
formation-toughened zirconia (TTZ) and M-50 steel. While HPSN has been
the choice for ceramic rolling elements in the demonstration programs
described above, transformation-toughened zirconia has a rather intriguing
set of properties. It is possible that, if this material could be fabricated with
near zero porosity and a significantly reduced grain size, it would be an
outstanding rolling element. In any event the silicon carbide, the alumina
and the TTZ materials all have potential as sliding bearings materials.

Given the performance gains and successful bearing demonstrations
described in the introduction and the desirable properties described above,
why are the ceramic bearings not in wider use today? The following section
deals with that question from the standpoints of design and manufacturing
technology.

3. PROBLEM AREAS

In most instances where the potential for material substitution exists, there
are institutional, technological and economic factors which are actual or
perceived problems, and which act to retard the rate of implementation of
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the new technology. In the specific case of ceramics for rolling element
bearings these factors include brittleness, different design practices,
reliability and reproducibility of product, and cost.

Ceramics, even the modern high performance ceramics, are brittle
materials. Yet, as we saw in Fig. 5, M-50 steel is also a brittle material (low
fracture toughness). Since current metallic high performance bearings
utilize brittle materials, bearing designers are already familiar with
probabilistic design techniques. Also, at least in the case of HPSN, the
rolling contact fatigue failure modes of the metallic and ceramic bearings are
the same, namely spalling. Thus, brittleness per se is not a problem. When
people cite it as a problem they are probably using the word as a form of
shorthand for three real problems often associated with, but not necessarily
related to, brittleness. First, for ceramics other than fully dense silicon
nitride and tough zirconias, there is the worry about failure mode (i.e. rolling
elements made of the other ceramics fracture rather than spall). Secondly,
existant design codes, predictive models and related computer programs
have been developed and optimized based on steels. As pointed out by
Bersch? and Sibley, this produces both non-optimal designs and erroneous
life and heat generation rate predictions when applied to ceramics with their
very different properties. Thus, a critical need is to generate design and life
prediction programs appropriate for ceramics—in particular, fully dense
silicon nitride. The authors are aware that some work on the development of
such codes for both metal/ceramic hybrid and all-ceramic bearings is
currently under way. Thirdly, greater scatter in the performance of ceramic
(HPSN) rolling elements than that in M-50 elements was occasionally
observed prior to 1980. Such scatter in properties may be exacerbated by
brittleness but its root cause was the small scale and relative immaturity of
ceramic bearing manufacturing technology. This scatter has been reduced
or eliminated over the past several years by process improvements which
stress cleanliness and control. In some recent cases it has been observed that
NC-132 HPSN 1s more reliable (less scatter) than M-50 steel.

Until recently, silicon nitride rolling elements have been made by hot-
pressing billets, cutting the billets into blanks, rough machining the blanks
into spheres or cylinders and then finally grinding and polishing the
elements. All machining, grinding and polishing requires diamond abrasives
and is thus inherently expensive. Additionally, there is at present no cost-
effective, real-time, high-reliability quality control methodology to identify
substandard blanks prior to adding value in the finishing process, or even to
ensure high life elements after machining has been accomplished. In order to
ensure high-reliability ceramic rolling elements, a manufacturing-based
reliability strategy must be developed, as illustrated in Fig. 4. The key points
in Fig. 4 are the focus on in-process quality assurance (QA), analysis and
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Fig. 4. Brittle materials design/reliability—systems trade-off logic.

definition of failure modes leading to realistic inspection criteria, and the
development of a post-processing quality monitoring methodology which
will both measure the product quality and provide input into how the
process should be modified to correct any detected deficiencies.

Development of such a manufacturing based reliability strategy will
clearly improve reliability and reproducibility of the ceramic rolling
elements. But what about cost? Part of the current high cost of ceramic
rolling elements is attributable to the fact that thus far they have only been
produced in limited size prototype batches. However, part of the high cost is
also the result of starting with billets which require excessive diamond
cutting and polishing. The economic feasibility of ceramic bearing elements
requires techniques to fabricate blanks to near net shape.

Currently, one of the authors is involved in developing a pilot scale
process for producing near net shape silicon nitride bearing components.
The recent technical advances in this area will allow for the cost-effective
manufacturing of these components. Work is also proceeding in the area of
quality assurance. Non-destructive examination (NDE) techniques as well
as proof testing are being evaluated at several stages in the manufacturing
process. The goal of this effort is to produce bearing elements that are
competitive with high performance steels. Examples of some net shape
components are shown in Fig. 5. Preliminary test results of near net shape
parts show rolling contact fatigue life comparable to. or better than, that of
hot-pressed billet material.
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Fig. 5. Examples of net shape components.

4. DIRECTIONS FOR FUTURE RESEARCH

The main thrust of research and development on ceramics for rolling
element bearings for the near term future must be on processing and
manufacturing technology if the two impediments to application, reliability
and cost are to be overcome. In particular, a method to produce near net
shape preforms, from which fully dense silicon nitride elements can be
fabricated, is an urgent requirement. As mentioned above, at least one US
manufacturer is working in this area. One potential route to achieve thisis to
use a two-step nitrogen overpressure sintering process to effectively ‘cladless’
hot isostatically press (hip) the silicon nitride elements. In this process silicon
nitride preforms are sintered to the closed porosity state (about 92-95°% of
theoretical density) under one or two atmospheres of nitrogen and then the
nitrogen pressure is increased to 20-100 atm. The result, as described by
Gazza et al.,® is a material with microstructure and properties similar to
HPSN. The advantages of such a technique over conventional hipping
technology are less potential for surface reactions or damage, less labor and
lower capital cost for equipment. Both net shape processing and quality
assurance of small high quality fully dense silicon nitride components
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should benefit a great deal from the current commercialization of silicon
nitride-based cutting tools.!¢:!!

The most productive materials research and development for the near
term will be to optimize the composition and microstructure of silicon
nitrides (including sialons) for use as bearing elements. The current silicon
nitrides which have shown excellent performance in the bearing demon-
stration programs are materials optimized for use in the hot flow path of gas
turbines, not as bearing materials! Recent work by Lucek at the Norton
Company on optimized compositions of silicon nitride has shown that
improved performance is possible. This improvement in rolling contact
fatigue life and performance variability is obtained by proper densification
aid addition, as well as key process parameter manipulation. A second
promising area would be to optimize the microstructure and composition of
transformation-toughened ceramics, both zirconia- and alumina-based, for
bearing application. These materials, in addition to their potential for high
performance rolling elements, may be useful as lower performance (but
lower cost) bearings for automotive use. They also offer excellent potential
as sliding contact bearings.

5. CONCLUSIONS

This paper has shown that ceramic materials (NC-132 HPSN in particular)
have demonstrated high potential and feasibility for application as rolling
elements in bearings.

The major point of this paper is that the significant potential of ceramic
bearings will require a major effort in manufacturing science and technology
in order to be realized. Because such an effort must be highly focused and
will require a large expenditure for any given material to be developed, only
materials such as fully dense silicon nitride with demonstrated bearing
performance are likely to be beneficiaries of such programs.
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Creep of Reaction-bonded, Siliconized Silicon Carbide

H. Cohrt and F. Thummler

Institut fir Werkstoffkunde 11, Universitat Karlsruhe,
Institut fiir Material- und Festkorperforschung, Kernforschungszentrum Karlsruhe,
Postfach 3640, D-7500 Karlsruhe 1. FRG

SUMMARY

Creep of reaction-bonded siliconized silicon carbide (SiSiC) has been found
to be of a transient nature under most of the experimental conditions, and
can be described by an extended Norton creep law, considering strain-
hardening processes. The deformation is controlled by the silicon carbide
skeleton that limits the deformation. A steady-state creep component of the
creep curve, observed only under certain conditions, seems to be correlated
with microstructural damage. The damaging process can be divided into two
stages, microcrack formation and microcrack growth, the latter leading
also to pore formation. Creep rupture occurs only above a threshold stress.

1. INTRODUCTION

Of the technical ceramics, those based on silicon carbide and silicon nitride
have reached the greatest potential for use at high temperatures. A special
silicon carbide material is the reaction-bonded, siliconized silicon carbide
(SiSiC). The evaluation of this material has reached a standard which allows
its successful use as a structural material at temperatures up to 1350°C, for
example for combustion chambers, components of gas-turbines, heat
exchangers, evaporators, thermally stressed rollers, and rocket nozzles.
SiSiC is a two-phase ceramic material consisting of up to 959 silicon
carbide, and free silicon in the range 5-409,. The density varies from
3-17-2-86 Mgm ™3 with variation in the content of free silicon. At the
present time 25 °C bend strength values of 350-400 M Pa can be reached. The
good thermal conductivity and the low thermal expansion result in good
87
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thermal shock resistance. The inherent good oxidation resistance of the
constituents results in good oxidation behaviour of SiSiC.

In looking at creep behaviour, large differences in the interpretations of
the results are seen. A comprehensive overview of the papers dealing with
creep of SiSiC is given in Table 1. In this work the creep behaviour of SiSiC s
reinvestigated and attention is drawn to the deformation mechanisms. The
process of creep damage is also discussed.

2. MATERIALS

The investigations were carried out on two materials produced by slip
casting. The main features of the materials are given in Table 2. Free
carbon was found to be the main impurity but with a total content of not

TABLE 2
Content of Free Silicon and Density of the SiSiC Materials

Material Free silicon Density p/Mg m™3
(Vol. ) (wr ) P, Py’

| 15-5 117 3-03 308

2 14-5 11-0 308 3-09

¢ Determined by weighing.
* Determined by image analysis.

more than 0-5%,. Other impurities were found only in small quantities (i.e.
Fe<0-1?,, Ca<005%. Mg<0019%, Al<01%. B<01%). These
impurities were detected by wet chemical methods. Oxygen was not found
by Auger-electronspectroscopy if the sample had been sputtered by argon
ions during the measurement. Therefore the material can be regarded as
being substantially free of oxygen.

The microstructures of the materials are shown in Fig. 1. The polished
specimens were etched by Murakami’s solution (100 ml water, 10 g sodium
hydroxide, 10g potassium ferricyanide). The silicon carbide is the grey
phase and the free silicon is the white one. In material 1 large dark areas are
seen, consisting of porous free carbon which did not react during processing.
The porous free carbon is the reason for the great difference between the
measured and calculated densities in Table 2. The silicon carbide phase
usually consists of primary and secondary silicon carbide, the latter being
formed by the reaction of carbon and silicon during infiltration of the
preform.
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Material 2
Fig. 1. Microstructure of the SiSiC materials. Left, unetched; right, etched by Murakami’s
solution.

By etching, boundaries within the silicon carbide structure become visible
which makes possible a distinction between the coarse- and fine-grained
primary silicon carbide and the secondary silicon carbide. It is not easy to
distinguish between the fine-grained primary and the secondary silicon
carbide.

By ceramographic investigation four typical defects in the microstructure
of SiSiC were found (Fig. 2). The most frequent defects, especially in Material
1, were particles of free porous carbon (Fig. 2(a)) which were surrounded by
a dense barrier of silicon carbide formed during the infiltration process. The
silicon carbide barrier prevents the diffusion processes needed for
transformation of the free carbon into secondary silicon carbide.

Sometimes large areas of free silicon were found in the microstructure
(Fig. 2(b)). These defects may be due to bubbles in the slip which could not
escape during preparation of the preform and were filled by free silicon
during the infiltration process.

Cracks in the silicon carbide structure should be regarded as very critical
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defects (Fig. 2(c)). These cracks can be initiated by the anomalous
solidification behaviour of the free silicon, which shows, analogous to water,
an expansion of about 109, by volume during solidification. The cracks
sometimes reach a length of several millimetres and large silicon carbide
grains can be made to split. Generally the cracks were filled with free silicon.

The inhomogeneous distribution of the fine-grained silicon carbide shown
in Fig. 2(d) may be regarded as a further microstructure defect.

3. EXPERIMENTAL DETAILS

The creep tests were carried out on a 4-point bend specimen with the
dimensions 4:5mm x 3-5mm x 45 mm. The main dimensions of the fixture
are given in Fig. 3. The diameter of the rollers (d) was 3mm. This

Fig. 3. Dimensions of the bend creep fixture (/=40mm, /,=10mm, / =20mm,
d=3mm).

configuration was taken as the standard for the bend test in the German
research programme ‘Keramische Komponenten fir die Fahrzeug-
Gasturbine’. To prevent any detrimental influence of the edges, these were
provided with a 45°-bevel. The specimens were carefully ground along the
direction of the long specimen axis.

The furnace was heated by a resistance heater and the temperature was
controlled within the range of +2°C. The strain was measured as the
deflection in the middle of the specimen by a linear variable displacement
transducer (LVDT). Using the assumption of the theory of Bernoulli (i.e.
plane cross-sections remain plane during creep), the strain, ¢, of the outer
tensile fibre can be calculated:

_2p 4h

& 7—/?'/ (hH

where p = radius of curvature of the neutral axis and # is the beam thickness
(=3-5mm). For the definition of the other symbols see Fig. 3. The used
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fixture allows only the measurement of the total deflection f,,. For this
reason the interdependence:
4/

f L, 31

fu ALY
3\/

has to be taken into account.

For the calculation of the stress the linear elastic theory is used. The
nominal stress of the outer fibres, ¢ , within the range of the inner rollers
(range of constant moment) is:

(2)

0= (3)
where M = bending moment and W = moment of resistance. The linear
elastic theory is applied in spite of the well-known fact that the stress
distribution within the bending specimen becomes nonlinear with time if the
creep law is nonlinear (i.e. the power law of creep é ~ 6", n > 1 (Ref. 14)). In the
nonlinear case the stress distribution depends on time and on the creep law
itself; this fact is not generally known. Thus it seems to be convenient to
operate with the linear elastic theory and to characterize the applied stress by
the nominal stress. ¢, of the outer fibres according to eqn (3).

In order to investigate the influence of oxidation effects on the creep of
SiSiC the'tests were carried out on specimens in the as-received state and on
preoxidized materials. The preoxidation conditions were chosen to be
1350°C and 200h, in air.

4. RESULTS

All measured creep curves showed a decreasing creep rate, even under severe
test conditions, after long test times up to 400 h. This is in good agreement
with earlier publications.!-* Due to this fact it is not possible to characterize
the creep mechanisms in a simple way by application of stationary creep
rates. Creep of SiSiC is mainly of a transient nature.
To describe the creep curve of tin in 1911 Andrade'® suggested the
equation:
)y =11+ p1" 3)eM (4)

where /(1) is the length of the specimen as a function of time ¢, /, is the initial
length, and " and k are constants. This equation was modified by Cottrell
and Aytekin'® who introduced a stationary creep rate. &,

ety =g+ 13+ 6y (5)
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Fig. 4. Creep curve of SiSiC and comparison of measured curve with the curve best fitted.

where £(2) is the total strain, ¢, is an instantaneous strain and §'r'/3, with the
constant ', is a transient strain. From eqn (5), with a general time exponent
m and the dimensionless time (z/,), the strain—time relation can be written:

6(1) =6, + ﬁ(i)m Y 6)

lo

This equation describes the creep curve very well (Fig. 4). The parameters ¢,
B, m and £, can be calculated by a computer program using linear regression
analysis.'” From Fig. 4 it is seen that even at 400 h the contribution of
transient strain to the total strain is significantly higher than the
contribution of stationary strain £.¢. The strain rates indicated by the slope
of the curves are of the same order for the transient and the stationary part of
strain at this point.

Measurable stationary strain rates of the order of £ >10"°h ! could
only be found in Material 1 under all test conditions. In Material 2
stationary strain rates could only be measured when the silicon carbide
structure was damaged by cracks as in Fig. 2(c), or in cases of very severe test
conditions.

For SiSiC a large scatter in the parameters of the creep curve is
obtained.!” For this reason a more complicated dependence of the
parameters of transient creep on the nominal stress, ¢,,, other than linearity,
can not be seen. The method of least squares leads to an equation of the
form:

y=(atl)+(bxl)x (7)

The constants ¢ and & are supplemented by the 90 Y,-confidence regions /,



Creep of reaction-bonded., siliconized silicon carbide 95

and /,. The creep curve of SiSiC was measured at the following stress levels:
130, 160, 190 and 220 MPa.

Each measurement was repeated five times at a temperature of 1300°C.
Using this procedure the following dependences are found for the
parameter describing the initial strain, ¢,, and the parameters for transient
creep. f§ and m, for Material 1;

Eol%e] = —(0-396 + 0-136) +(8-58 + 3-52) x 10~ *g, [MPa]
Bl%.] =(0-552 4 0-033) — (1:89 + 0-84) x 10 Yo, [MPa] (8a)
m[1]=(0-034 + 0-:044) + (1-:39 + 1-04) x 10 ‘o, [MPa]
and for Material 2:
eol%n] = —(0-151 £ 0:032) + (6:32 £ 2-49) x 10~ *¢, [MPa]
Bl0] = (0-448 + 0-067) — (1-31 + 1-18) x 10 *¢,, [MPa] (8b)
m[1] =(0-074 + 0-035) + (1-49 + 0-62) x 10 3¢, [MPa]

For Material 1 a stationary strain component which showed a large
scatter was obtained at all test conditions. The results are plotted in the
log-log plot shown in Fig. 5. From this diagram a stress exponent of
n=>5+1-5(€ ~ ¢") can be calculated by the method of least squares. For
Material 2 such a diagram is not meaningful because stationary strain rates
were obtained only at stress levels higher than 220 MPa.

The question arises as to at which stress level creep rupture occurs. On
Material 1 at 1300°C a nominal stress of 190 M Pa could be applied without
creep rupture within 200 h. But a nominal stress of 213 MPa (=709, of
105
] material 1
1 T=1300°C

v

creep rate
=]

107% : —
0130 160 190 220 250
nominal stress/MPa

Fig. 5. Stress dependency of the stationary strain component.
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total strain/%o

1 material 1

T=1300°C

0 . . . . .
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time/h

Fig. 6. Complete creep curve of SiSiC at very high stresses.

room temperature strength) led to creep rupture within 24 h (Fig. 6). The
creep curves then show extensive tertiary creep before creep rupture occurs.
From this creep curve a stationary creep rate of €~ 1-5x 10" °h ™! can be
calculated by the procedure mentioned above. These creep rates are also
plotted in Fig. 5. They are very well integrated in the band of scatter.
An interesting change in the creep mechanisms can be demonstrated by
plotting the plastic strain, ¢, = f(1/1,)" + €4, versus the nominal stress for
different constant creep times (Fig. 7). It becomes clear that within the
scattering band the strain at a constant time is independent of the stress for
low nominal stresses, while at high stresses the strain increases significantly.
The critical stress shifts to lower nominal stresses with increasing time at

4.0 material 2
& T=1300°C
~—
S 304 t=25h
@ N t=10h
‘n I
2 201 t=1h

1.01

0N VNN N
SCRILL AR

0.0+~ — T T - .

0 130 160 190 220 250
nominal stress / MPa

Fig. 7. Plastic strain versus nominal stress at different constant creep times.
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TABLE 3
Comparison of the Parameters of Instantaneous and Transient Strain in the As-received and
Preoxidized States

80/%0 B/“/oo ”7/1
As-received state 0-810 + 0-229 0213+0-126 0-182 +0:063
Preoxidized 1350°C, 200 h 0-717 + 0-247 0222 +0-078 0-168 + 0-044

which the strain was taken. This finding indicates a necessary incubation
time for reaching large strain values. The incubation time is lower the higher
the nominal stress.

For determining the influence of oxidation on the creep of SiSiC, tests
were carried out on Material 2 in the as-received state and in the preoxidized
state. Table 3 gives the mean values and standard deviation of the
instantaneous strain and the parameters of transient strain. The comparison
shows no significant differences. This means that a severe oxidation
treatment before creep testing does not influence the creep behaviour and
the influence of oxidation on creep of SiSiC can, in general, be disregarded.

Fig. 8. TEM micrograph of Material 2 in the as-received state; silicon region free of any
dislocation.



98 H. Cohrt, F. Thiimmler

Fig. 9. Optical micrograph of Material 2 after 50 h creep at 1300°C and 220 M Pa.
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Fig. 11. TEM micrograph of silicon regions in Material 2 after 400 h creep at 1300°C and
220 MPa.

Investigations by light microscopy and transmission electron microscopy
(TEM) discovered some significant changes in the microstructure due to
creep. In the as-received state no defects of microstructure other than those
mentioned above could be discerned by light microscopy and only a few
dislocations were found by TEM in the silicon carbide and silicon phases. In
Fig. 8 a large region of free silicon, free of any dislocation, is shown. After a
creep test when no stationary creep according to eqn (6) occurs, in general no
influence of creep on the microstructure can be detected by light microscopy.
In other cases microcracks appear between silicon carbide grains with grain
boundaries perpendicular to the direction of the tensile stress (Fig. 9). In the
later creep state the microcracks form pores which are arranged in planes
also perpendicular to the direction of tensile stress (Fig. 10). After all creep
tests a significant number of dislocations and twins were found in the silicon
phase (Fig. 11). No change could be detected, however, in the configuration
of dislocations in the silicon carbide grains. Cracks and pores were also
found by TEM studies but it was not possible to decide whether they were
due to creep or to the preparation of the TEM specimen.
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5. DISCUSSION

The creep tests discovered a relatively large scatter of material behaviour
which may be due to microstructural and chemical differences between the
specimens. It was necessary to repeat the experiments five times for each test
condition. By a statistical treatment of the results a good interpretation of
material behaviour was possible.

The SiSiC material tested in the preoxidized state showed no significantly
different mechanical behaviour from that in the as-received state. Therefore
SiSiC can be regarded as a ceramic, the mechanical properties of which are
not sensitive to oxidation. This fact makes discussion of the results easier.
The creep curve of SiSiC was found to be well described by eqn (6).

The steady-state component, £ ¢, was calculated only for Material 1 under
all test conditions. In Material 2, with a much better microstructure, steady-
state creep occurred only under very severe test conditions. Thus, creep of
SiSiC may be regarded as being of a transient nature in general. By
neglecting &, in eqn (6), differentiation with respect to time provides:

¢ \m- 1)
(1) = mﬁ<t—> (8a)

Equation (8) is of the same form as the more frequently used function for the
description of transient creep:

§(t) = a<i> (8b)
tO
with ¢ = (1 — m). In the case of ¢ = 1, eqn (8) converts into the function of
logarithmic creep:
&(f) = aln (i) )
lo

Equation (9) has the disadvantage of unrealistic negative strain in the range
0 <(t/ty) <1 and an infinite strain rate at the beginning of the creep test
(t = 0). These disadvantages disappear when eqn (9) is written in the form:

g(z)=a1n<i+1> (10)
tO
For long periods of times, eqn (10) converts into eqn (9). At ¢ = zero we
obtain zero strain and the strain rate £(r = 0) = a/t,,.

Logarithmic creep indicates strain-hardening processes which can be
described by an extended Norton creep law as follows:

§=Ac"= A e Bo" (11)
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In this equation 4,, B and n are constants and the structure parameter A4
depends exponentially on the strain itself. For homogeneous stress
distribution (i.e. in tension test) integration by time leads to:

g(t)=%ln(BAoo"+ 1) (12)

Equation (12) shows the same form as eqn (11) with a=1/B and
to = 1/(BA,). This derivation indicates the relationship of logarithmic creep
with the transient creep according to eqn (8) and therefore the mechanisms
may be discussed in the same manner.

Logarithmic creep was found in metals at very low temperature where
recovery processes do not occur. Deviations from this creep behaviour are
known in the literature as hyperbolic creep (¢ > 1) and parabolic creep
(¢ < 1).'® In metals logarithmic creep was interpreted as increasing acti-
vation stress for dislocation motion. However, in ceramic materials this
consideration is not realistic because dislocation motion does not seem to be
the mechanism controlling the deformation. SiSiC consists of very stiff and
less deformable silicon carbide grains embedded in the ductile silicon phase.
In the undeformed matenal there exist a number of contacts between the
silicon carbide grains. Carter and co-workers'? investigated the SiC-SiC
contacts by TEM and found no free silicon within these contacts. During
creep new contacts are generated and the total area of contacts becomes
larger because of local plastic deformation in the silicon carbide grains at
high stress concentrations. This results in a hardening effect and also in a
material behaviour dependent on strain. which may be described by a
function similar to eqn (11).

The mechanisms may be discussed by regarding the microstructure in Figs
8 and 9. Before creep only a few dislocations were found in the silicon
carbide and in the silicon phases. After creep the dislocation configuration in
the silicon carbide phase had not changed, but in the free silicon the number of
dislocations and twins increased significantly. Thus, the creep deformation
of the silicon phase is controlled by dislocation motion, which is consistent
with results given in the literature, where it is shown that deformation of
silicon is controlled by dislocation glide. Diffusion-controlled dislocation
motion was not found in silicon at temperatures up to near the melting
poim. 19.20

Consequently, the strain hardening of SiSiC is not caused by the silicon
phase but by the silicon carbide skeleton. The mechanisms may be
deformation processes in the volume of the silicon carbide grains caused by
dislocation motion or by diffusion processes and resulting in an increase of
the summarized contact area. Another hardening mechanism may be the
rearrangement of silicon carbide grains, resulting in a stiffer silicon carbide
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skeleton. Substantial dislocation motion in silicon carbide is only possible at
temperatures above 2000°C;%!-2? thus, only local deformation by dis-
location motion at highly stressed contacts may be possible. In the same
way the possibilities for diffusion processes are only limited because the test
temperature was approximately half of the melting point of silicon carbide
(3100K). Regarding the local stress concentration at the contacts of
silicon carbide grains, both mechanisms should be possible. Nevertheless,
they do not allow a large deformation of SiSiC without damage of the
microstructure. The free silicon does not control the deformation because it
is very easy to deform at the test temperature.??

The interpretation of the stationary strain component according to eqn
(6) is somewhat difficult. The stress exponent of Material 1, according to the
classical Norton creep law (¢, = const x ¢"), was found to be n =5 (Fig. 5).
Such n-values are usually correlated with diffusion-controlled dislocation
motion. Such a creep mechanism, however, cannot be realistic for SiSiC as
shown above. Another possible interpretation is damage to the microstruc-
ture. In Fig. 9 the formation of microcracks is shown. The formation of
cavities and microcracks leads to the lowering of the Young’s modulus and
therefore to an additional strain component.

Such a steady-state deformation process does not seem to be controlled by
processes being in equilibrium. When the deformation is associated with
continuous damaging the resulting creep rate in general should not be
constant with time. However, an additional ‘deformation’ process occurs
which may change or even terminate the declining character of the creep
curve. At a certain time quasi-steady-state creep may emerge.

The responsible damaging may be regarded as a two-step process. The
first step is the microcrack nucleation, which has been correlated to a nearly
constant strain rate; the second is microcrack growth leading to an
increasing strain rate. Hasselmann et a/.** = 2° calculated the stress exponent
for this so-called ‘elastic creep’ to be n > 3. Therefore the stress exponent
calculated in Fig. 5 may be interpreted by the formation and later growth
of the microcracks, the latter probably leading also to the formation of creep
porosity, arranged in planes perpendicular to the direction of the tensile
stress (Fig. 8), and resulting in an increasing strain rate with the possible
consequence of creep rupture.

The question arises as to whether or not a threshold stress for initiation of
the formation and growth of microcracks exists. For Material 2 stationary
strain components could only be calculated at nominal stresses above
220 MPa. By looking at Fig. 7 a threshold stress becomes more clear. The
significant increase of strain above 200-220 MPa should be interpreted by
microcrack formation and crack growth activated above this stress. From
Fig. 7 it is also seen that the threshold stress shifts to lower values when the
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time for which the strain is taken is increased. The processes leading to crack
initiation and growth are therefore stress- and time-dependent.

When a critical stress concentration in the silicon carbide structure is
needed for crack initiation and growth, its time dependency can be explained
as follows. At the beginning of bending creep possibilities for local
deformations and rearrangement of silicon carbide grains exist and the
critical stress concentration will not be reached at any silicon carbide
contacts in the specimen. With increasing time the initial deformation
mechanism will be blocked more and more (strain hardening). The stress
concentrations increase and may perhaps reach the critical value at one of
the silicon carbide silicon carbide contacts. A crack will be initiated and at
this contact the stress concentration decreases. So. the microcrack will not
propagate at first and the stress concentration increases at other silicon
carbide -silicon carbide contacts.

Therefore, to reach higher stress concentrations a certain deformation by
creep is needed. The time necessary for this process is shorter, the higher the
nominal stress. The time for reaching the critical stress concentration may be
correlated with the incubation time for reaching higher strain values in
Fig. 7.

By this procedure the silicon carbide structure will be weakened more and
more, and after a certain time the microcracks will begin to grow and
contribute to the creep porosity shown in Fig. 10 and also to strain. The time
at which microcrack growth occurs may be regarded as stress-dependent:
thus, the shifting of the threshold stress to lower values in Fig. 7 may be
explained.

6. CONCLUSION

Reaction-bonded siliconized silicon carbide with a well-defined microstruc-
ture shows a very good creep behaviour that is not sensitive to severe
oxidation treatment. The creep is of a transient nature and can be described
by an extended Norton creep law considering the strain-hardening
behaviour of the material. The deformation of SiSiC is controlled by the
silicon carbide skeleton, while the free silicon is very ductile and easy to
deform under the applied test conditions. Small local deformations of the
silicon carbide grains by dislocation motion or diffusion processes are
responsible for the transient creep. Also, some rearrangement of the silicon
carbide grains may be possible. These processes cause the strain hardening.
The total deformation that can be reached without disturbance of the
microstructure is very limited. Steady-state creep components occur only at
high stress levels, creating microcracks and creep porosity within the
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microstructure. Creep rupture occurs only above a threshold stress and is
due to the growth of microcracks at high stress concentrations.
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SUMMARY

The sintering, microstructure, fracture toughness and strength of silicon
carbide-dispersed silicon nitride composite systems were investigated. The
composite powders could be sintered with aluminium oxide and yttrium
oxide additives at normal pressure. Nearly complete densification was
achieved by hipping presintered compacts. The silicon carbide particle
dispersion retarded both grain and pore growth during sintering. The
strength was found to increase with silicon carbide content, whereas fracture
toughness remained constant. Thus strengthening of the composite is
attributed to the decrease in flaw size.

1. INTRODUCTION

Silicon nitride and silicon carbide materials exhibit excellent high
temperature mechanical properties and are candidates for application as
structural materials in heat engines. Improvement of the mechanical
properties of silicon nitride and silicon carbide-based materials has also
focused on the dispersion of second-phase particles.! > Dispersed
zirconium dioxide or hafnium dioxide particles of up to 20vol. Y, were
found to increase the fracture toughness.®” This was attributed to the stress-
induced tetragonal to monoclinic phase transformation of zirconium
dioxide or the formation of microcracks in the matrix. Lange,' and Wei and
Becher* reported that the fracture toughness can also be increased by silicon

* Present address: National Institute of Research in Inorganic Materials, Sakura-mura,
Ibaraki-ken, Japan.
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carbide particle dispersion in a silicon nitride matrix and likewise by titanium
carbide particles in silicon carbide. Usually, the particle-dispersed silicon
nitride or silicon carbide matrix materials were prepared by hot-pressing,
because the second phase did not promote densification. Common sintering
additives able to sinter both matrix and second-phase particles were seldom
found.

Fine silicon nitride powder can be sintered easily by the addition of
aluminium oxide and yttrium oxide,® resulting in microstructures with
glassy or crystalline grain boundary phases, respectively. Omori and Takei®
found that the combination of aluminium oxide and yttrium oxide can also
be used to sinter silicon carbide powder under normal pressure. The
densification process in both systems is supposed to be dominated by a
liquid-phase sintering mechanism, where the liquid is formed by the oxide
additives and the silicon dioxide impurity content of the powders. Thus the
Al,0,-Y,0; oxide system seems to be a possible sintering additive for a
silicon carbide-dispersed silicon nitride matrix material, i.e. silicon
nitride-silicon carbide composite.

In this work the pressureless sintering of silicon nitride-silicon carbide
composites with the additives aluminium oxide and yttrium oxide was
investigated. Hot isostatic pressing (hipping) was applied to provide further
densification. The effects of silicon carbide dispersion on the microstructure
formation and the mechanical properties of the composite were studied.

2. EXPERIMENTAL

Pure and fine grain a-Si;N, powder (H. C. Starck, LC 10) and $-SiC powder
(H. C. Starck, B 10) were used as the starting materials. These modifications
are both low temperature forms. The mean grain sizes of the silicon nitride
and silicon carbide powders were 0-5 and 1-0 um, respectively. The powders
containing fixed amounts of silicon nitride and silicon carbide were mixed
with aluminium oxide (Alcoa, A 16) and yttrium oxide (Ventron, 4 N)
powders by the attritor mill, and cold isostatically pressed at 630 M Pa.

These powder compacts were subsequently sintered in a graphite element
furnace under 0-1 MPa nitrogen. The bend strength and the fracture
toughness were measured at room temperature. Inner and outer spans for 4-
point bend tests were 20 and 40 mm, respectively. The indentation strength-
in-bending technique (ISB)'® was used for measuring fracture toughness.
Indentation forces were 29-4-196-2 N and the span of the 3-point bend test
for ISB was 12 mm.

The microstructure of the specimens was observed by scanning electron
microscopy (SEM) on the polished and etched surfaces. Molten sodium
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hydroxide and Murakami’s reagent were used as the etching materials. The
molten sodium hydroxide etched the oxynitride grain boundary phase and
the Murakami's reagent etched the silicon carbide grains. From the photo-
micrographs the areas of pores and grains which appeared on the polished
and etched surfaces were counted and measured.

Hipping was performed with nitrogen at 100 MPa and 2000°C. The
samples were presintered at 1850°C and were not encapsulated. The
strength and fracture toughness of the hipped samples were also measured.

3. RESULTS AND DISCUSSION
3.1. Sintering

Figure 1 shows the density of sintered silicon nitride as a function of the total
amount of oxide additives and the content of aluminium oxide in the
additive. From the results given in Fig. 1, it was decided that the amount of
oxide additive for the pressureless sintering of silicon nitride-silicon carbide
composite materials should be 15wt %, and the weight content of aluminium
oxide in the additive, Al,0,/(Al,0; + Y,0,), was chosen as 0-7.

Figure 2 shows the relationship between the weight fraction of silicon
carbide and the relative density of the composites which were sintered in
the temperature range 1600-1850°C. The sinterability of the silicon
nitride-silicon carbide composite powder was found to be lower than that of
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Fig. 1. Sintering density of silicon nitride powder with ytirium oxide and aluminium
oxide additions. The sintering was carried out at 1800°C for 30 min.
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Fig. 2. Density of silicon nitride-silicon carbide composites as a function of the weight
fraction [SiC/(SiC + Si;N,)] of silicon carbide content. Samples were sintered with 10-5wt %
aluminium oxide and 4-5wt 9, yttrium oxide in the temperature range 1600-1850°C for 1 h.

pure silicon nitride, but it was possible to sinter it to nearly the same density
as silicon nitride if the composite contained less than 20 wt 9 silicon carbide
and it was sintered at 1850°C. The powder X-ray diffraction measurement
detected only f-Si;N, and B-SiC phases in the sintered samples. Silicon
nitride transformed completely from a- to f-phase, but the silicon carbide
remained B-SiC.

Figure 3 shows the microstructure of the sintered composites. The optical
micrographs reveal the B-SiC grains in bright contrast lying in the dark
silicon nitride matrix. Figure 4 shows a SEM micrograph of the surface
etched by Murakami’s reagent. The silicon carbide grains exhibit rough
surfaces and are very well dispersed in the continuous silicon nitride matrix.
The bonding between silicon carbide and silicon nitride seems to be strong.
It is suggested that the oxide melt wetted both silicon carbide and silicon
nitride grains during sintering.

3.2. Strength and microstructure

Table 1 lists the results of strength and fracture toughness measurements of
the composites. All samples were sintered with 10-5wt ¢, aluminium oxide
and 4-5wt 9 yttrium oxide at 1850 °C. The strength was found to increase
with the silicon carbide dispersion up to a silicon carbide fraction of 0-1. The
fracture toughness, however, did not exhibit any increase with silicon
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Fig. 3. Optical micrographs of polished surfaces. Weight fraction silicon carbide
contents are (a) 0, (b) 0-2 and (¢) 0-4. (Additive composition 10-5wt % aluminium oxide and
4-5wt ¥, yttrium oxide: sintering conditions 1850°C for 1h.)
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Fig. 4. SEM photograph showing silicon carbide grains in a silicon nitride matrix. The
composite contains a silicon carbide weight fraction of 0-4 and was etched by Murakami’s
reagent. (Additives and sintering conditions as for Fig. 3.)

TABLE 1
Strength and K, of Normal Sintered Composites

Sample 6/MPa K /MNm™ '3 ¢/ um

SiC/(SiC+SiyN,)  p/ Y% theoretical

0 96-0 348 + 108 395+ 013 100
0-05 95-3 405 + 28
0-1 94-9 439 + 31 394+ 011 63
0-2 92-0 273 £ 56
04 91-7 208 + 57 3-17+£0-15 180
0-6 87-0 291+ 78

SiC/(SiC + Si;N,) = content of SiC.

p = relative density at 20°C.

o = mean 20°C 4-point bend strength.

K,.=mean 20°C fracture toughness by ISB method.
¢ = expected flaw size calculated from ¢ and K.
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carbide dispersion. Samples containing a silicon carbide fraction of 0-2 or
more show lower strength and fracture toughness, which can be attributed to
the increasing residual porosity after sintering.

Concerning the mechanical properties of the particle-dispersed ceramic,
there are many mechanisms which are supposed to strengthen the matrix
materials. Internal stresses due to thermal expansion or elasticity mismatch
affect the strength. The proposed mechanisms are the prestressing of the
dispersed phase,'! the deflection of the propagating crack by a stress
field*'? and energy dissipation by microcracking.'®* !> The dispersed
particles can also act as obstacles to the crack propagation. The effects of
crack pinning'® and the crack deflection by inclusions have been reported to
be effective in ceramic composite systems.'!’

All the mechanisms mentioned above mainly increase the fracture
toughness, K., of the composite material as compared to the pure matrix
material.'® The strengthening effect is therefore mainly attributed to the
increase of the fracture toughness if the critical flaw size remains unchanged
by particle dispersion.

In this work an increase of fracture strength with silicon carbide
dispersion was found, but the fracture toughness remained fairly constant.
The toughening mechanism did not appear. Thus the increase of fracture
strength may be explained by the decrease of the critical flaw size due to
dispersed silicon carbide particles. Table | summarizes the results of an
estimation of the critical flaw size, ¢, which was calculated from the fracture
strength, ¢p, and fracture toughness, K. by using the Griffith equation
¢ =(K,/Yop)'?, with Y equal to 1-13 when a penny-shaped crack is
assumed. The smallest flaw size at fracture was estimated to be about 60 um
in the specimen containing a silicon carbide fraction of 0-1.

Figure 5 shows the microstructures of the samples containing a silicon
carbide fraction of 0 and 0-2. The silicon carbide-containing microstructure
clearly reveals a smaller grain size and a better homogeneity as compared to
the silicon carbide-free sintered silicon nitride: this is also confirmed by the
optical micrographs of the polished surfaces given in Fig. 3. The results of
quantitative microstructure analysis are given in Fig. 6. The mean areas of
pores and grains are plotted against the weight fraction of silicon carbide in
the composite in a semi-logarithmic scale. The mean pore and grain sizes
decrease with increasing weight fraction of silicon carbide. It follows that the
dispersion of silicon carbide particles in the silicon nitride matrix retarded
both pore and grain growth during sintering. The mean pore and grain
diameters of ~ 1-2 um and even their maximum values (7 um for the grains
and 12 um for the pores) do not correspond to the estimated critical flaw size.

Thus the silicon carbide dispersion seems to result in a shift of the pore
and grain size distributions to smaller sizes after pressureless sintering with a
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Fig. 5. Microstructure of (a) silicon carbide-free sintered silicon nitride; (b) composite
containing a silicon carbide fraction of 0-2.
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Fig. 6. Mean pore and grain areas as a function of weight fraction of silicon carbide content
in the composite. The mean values were obtained by the counting of 100-280 pores and
230-300 grains on the SEM photographs.

more homogeneous microstructure as compared to the silicon carbide
dispersion-free silicon nitride material.

3.3. Strength of composite after hipping

The results of the strength measurements suggest that the decrease in
fracture strength in silicon carbide-rich composites is mainly attributed to
residual porosity after pressureless sintering. Hipping was applied so that
complete densification could also be attained in composites containing a
stlicon carbide fraction of > 0-2. The results of the hipping treatment are
given in Fig. 7and Table 2. After hipping, the densities were calculated to be
~ 979 of theoretical density in the samples with a silicon carbide fraction of
0-0-4, and 96 9/ in the sample with a fraction of 0-6.

Pressure-assisted densification of silicon nitride ceramics during hipping
was reported to be strongly time-dependent.’? In this investigation, hipping
for 10 min and 50 min at 2000 °C resulted in almost the same densities. Thus
10-min hipping seemed to be sufficient for densification even though a small
amount (2-3 %) of residual porosity still remained.
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Fig. 7. Increase in relative density after hipping at 2000 °C and 100 M Pa nitrogen pressure
for 10 min and 50 min.

The mechanical properties of the hipped samples are listed in Table 2. A
distinct improvement of fracture strength occurred, whereas fracture
toughness was slightly degraded by silicon carbide dispersion. A mean
fracture stress of 561 MPa was determined in the specimen containing a
silicon carbide fraction of 0-4 with a fracture toughness of only
3:3MN m™~ 2. The results show that the main effect of hipping is to decrease
the flaw size in the composite system. The small pore size and good
homogeneity of the presintered silicon carbide-silicon nitride composite

TABLE 2
Strength and K after Hipping

Sample 6/MPa K JMNm™ 13 ¢/um

SiC/(SiC+ SizN,) p/% theoretical

0 96-9 352+ 33 3851020 95
0-1 96-6 491 + 101 3:55+035 4]
0-4 96-6 561 + 38 330+ 008 27

SiC/(SiC + Si;N,) = content of SiC.

p = relative density at 20°C.

o =mean 20°C 4-point bend strength.

K, .= mean 20°C fracture toughness by ISB method.
¢ =expected flaw size calculated from ¢ and K.
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microstructure seem to be particularly suitable for the application of
hipping to silicon nitride-based materials.

4. CONCLUSIONS

The sintering and mechanical properties of silicon carbide dispersed in a
silicon nitride matrix composite were investigated. The mixture of a-Si;N,
and B-SiC fine powders could be sintered at normal pressure with aluminium
oxide and yttrium oxide additives. The composites with silicon carbide
fractions of 0-05 and 0-1 had higher strength than the sintered silicon nitride.
Silicon carbide dispersion retarded both grain and pore growth, but did not
toughen the composite materials. Thus strengthening is explained by a
reduction of the critical flaw size. The hipping process was effective in further
densifying the presintered silicon carbide-containing composites. Strengths
improved after hipping and increased with silicon carbide content. Further
hipping markedly decreased the flaw size in the composite system.
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Phase Equilibrium Studies in Si,N,O-containing Systems:
1. Phase Relations in the Si,N,0-Al,0;-Y,0; System
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People’s Republic of China

SUMMARY

Sub-solidus phase relations have been studied in the Si,N,O-Al,04-Y,0,
system. The results show that Si, N,O forms a small range of compositions
with Al,03 (O'ss) containing up to 15 myo Al,O, and that 2Y,0 - Si, N,0O
Jorms a continuous solid solution series with 2Y,0- Al,04 (Jss). In the
Si, N,O-rich corner of the system, Si,N,O reacts with Y,0, at 1550°C to
form SisN, and Y| ((Si0,),N,(H-phase). Four quaternary phase regions
occur in this system.

H-Si,N,~-Y,0, Si,N,0-3Y,0,-541,0,
H-Si;N,-3Y,0,-541,0,-O'ss

H-SiyN,~O" s5-Si, N,O

H-Y,04 Si,N,0-3Y,0,-54/,0,4Y,0,-Si,N,0 - A{,0,

From the results of this work, the sub-solidus phase diagram and the
isothermal section at 1550°C in the Si,N,0-Al,0,-Y,0, system are
presented. A large liquid-phase area near the Si, N,O-Al,0 side that may
effect the sintering of O’-sialon ceramics is reported. The difference between

our results and those previously reported in the Si;N,~SiO,-Y,0; phase
diagram is also discussed.

1. INTRODUCTION

In recent years silicon oxynitride ceramics as high temperature structural

material have received more and more attention from the point of view of

their excellent oxidation resistance at elevated temperature. Although
119
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silicon nitride ceramics possess very high mechanical strength, their
oxidation resistance at high temperatures can be significantly degraded by
oxide additives used to promote the densification process. Therefore, a
combination of silicon nitride matrix with silicon oxynitride grain boundary
might give a material with both high strength and good oxidation resistance.
Thus the investigation of the system containing Si,N,O is of interest. The
present paper is based on the understanding that the reaction between Si;N,
and SiO; to form Si,N, O solid solution occurs essentially in the presence of
Al,0;.' The current commercial ‘sialon’ ceramics are of the f'-form and
have an overall composition quite close to the Si;N,~Al,0;-Y,0; plane.
They contain an oxygen-rich yttrium sialon glass and therefore the
Si,N,0-Al,0,-Y,0; plane should cut across the tie line joining f'-sialon
to glass for this composition range. Hence, a study of the phase relationships
in this system is of importance to the understanding of the grain boundary
characteristics of the related silicon nitride ceramics and the preparation of
two-phase f’- and ('-sialon ceramics.

Phase relationships previously reported in the Y,0;-Al, 0, system? show
two stable compounds, 2Y,0;-Al,O; and 3Y,0; 5A1,0,, and one
metastable compound, Y,0,-Al,O,, which has two phases. The low
temperature form has the same structure as Y, 05 - Si, N, O but is only stable
up to ~1100°C;® the high temperature form is stable above 1825°C.
In the Si,N,0-Y,0; system there exist two compounds, 2Y,0; - Si,N,O
and Y,0,-Si,N,O, corresponding to 2Y,0,-Al,0; and Y,0,-Al, 0,
respectively, in the Y,0;-Al, 0, system. However, no compound similar to
3Y,0; - 5Al1,0, has been found. A continuous solid solution can be formed
between 2Y,0; - Si,N,O and 2Y,0;-Al,0,.* As to the Si,N,0-Al,0,
system, no new compound has been found, but a certain amount of Al,O,
can enter into the crystal structure of Si,N,O, forming a partial solid
solution, the so-called O’-sialon. The limiting solubility of Al,O; in Si,N,O
ss was reported by different authors to be 6¢/o Al** (equivalent to 8 m/o
AL, 0,),% or 20mjo AL, 0,.°

2. EXPERIMENTAL

The starting materials used were silicon oxynitride, aluminium oxide and
yttrium oxide. Silicon oxynitride powder was synthesized in our laboratory
and after analysis shown to have the composition, Si 57-17, N 24-83, and O
16-40 9, corresponding to Si;.,4N,.;;,0,.9, which is deficient in nitrogen,
but powder X-ray diffraction showed a single phase of Si,N,O only.
Aluminium oxide was prepared by the decomposition of ammonium
aluminium sulphate and its purity reached 99-9 9. The yttrium oxide was a
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high purity (99-99 %) reagent produced by Shanghai Yuolong Chemical
works. About 50 compositions were prepared with these starting materials.
The powder mixes were milled, using an agate mortar, in 100 9 ethanol for
2 h, dried and cold isostatically pressed at 300 MPa into pellets.

The melting method was used to determine the liquid-phase area at
1550°C. The pellets were placed in small boron nitride-coated and screw-
topped graphite crucibles filled with boron nitride powder and fired for 1 hin
a graphite heating furnace at 1550°C in a nitrogen atmosphere. The molten
area on the specimens was observed by its visual appearance and by
microscopy. Similar firings were carried out at lower temperatures, thus
decreasing the liquid-phase formation area until the eutectic was identified.
The eutectic point was determined by means of differential thermal analysis
(DTA) and high temperature microscopy observation.

For the determination of sub-solidus phase compositions, hot-pressing
was used in order to promote reactions to reach equilibrium and to minimize
weight loss. Powder mixtures were placed in graphite dies coated with boron
nitride on the inner surface, and hot-pressed under a pressure of 20 MPain a
nitrogen atmosphere. The hot-pressing temperature used was 1400 °C for
the compositions which could form a liquid phase at 1550°C and was
1400-1550°C for all other compositions. The phase compositions of the
specimens after hot-pressing were detected by X-ray diffraction analyses.
Energy dispersion analysis of X-ray (EDAX) was used to determine the solid
solubility of Al,O, in Si,N,O ss.

3. RESULTS AND DISCUSSION
3.1. Phase relations in two Si,N,O-containing binary systems

Results obtained for the Si,N,0-Al,O; system show that no binary
compound is formed and there is only a limited solid solution of Al,O; in
Si,N, O to form O'-sialon. The extent of solid solubility of Al,O; in Si,N,O
was determined to be 15m/o by X-ray diffraction and by EDAX. For the
former method the composition at which X-ray peaks of Al,Oj, virtually
disappeared on the join O’ ss-Al, O, was considered as the limit of solid
solubility.

In the Si,N,0-Y,0; system experiments confirm the existence of two
compounds, 2Y,05-Si,N,0 and Y, 05 - Si,N,O. The latter is formed at a
temperature as low as 1400°C and is stable; its structure is the same as the
low temperature form of Y, 0, - Al, O, (stable only up to ~1100°C) in the
Y,0,-Al, 0, system.? At the Si,N, O-rich corner, Si,N, O reacts at 1550°C
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with Y,0; to form Y, ((Si0,),N,(H-phase) and Si;N, (mainly a-form, with
a little f) by the following reactions:

10Si,N,0 + 6Y,0, - Y,(Si0,)(N, + 4Si,N, + Y, 0, - Si,N,0
98i,N,0 + 5Y,0, > Y,(Si0,)¢N, + 4Si,N,

3.2. Sub-solidus phase relations in the Si,N,0-Al,0,-Y,0, system

The main compositions studied and the results of X-ray diffraction phase
analyses are shown in Table 1, and the sub-solidus phase diagrams of the
Si,N,0-Al,05-Y,0; system constructed on the basis of these data are
shown in Figs 1 and 2. In this quasi-ternary system, a continuous solid
solution (J ss) is formed between 2Y,0, - Si,N,O and 2Y,0, - Al,O;. The
solid solution phase of 2Y,0; - Si,N,0 and 4Y,0; - Si,N,O - Al, O, forms
a triangular phase area with Y,0,-Si,N,O. Another triangular phase
area is formed by 3Y,0,-5A1,0; and the solid solution phase be-
tween 2Y,0,; - Al,O; and 4Y,0; - Si,N, O Al,O;. The experimental results
in the Y,O;-rich area are very similar to the phase diagram of
the Si;N,~Y,0,-AIN-Al,O, system reported by Sun et al’ As
some decomposition and reactions occur in the Si,N,O-rich corner

TABLE 1
Compositions Studied and X-ray Analysis Results for the Si,N,0-Al,05-Y,0; System
No. Y,0, Si,N,O0 Al,0, Phases present® Phase regions®
1 8 1 1 Y,0,; I ss Y,0;-J ss
2 6 2 1 Jss
3 6 1 3 I ss; YAG Jss-YAG
4 6 3 1 Jss; K Jss-K
5 3 1 2 Jss; K; YAG J ss-K-YAG
6 3 2 1 Jss; K; YAG
7 1 1 0 K
8 3 4 0 K; H; SN K-H-YAG-SN
9 3 2 2 K; H: SN; YAG
10 5 9 0 SN; H
11 3 5 2 SN; H; YAG; O H-SN-YAG-O
12 1 7 2 SN; H: YAG: O
13 1 9 0 SN: H; 8i;N,0 SN-H-Si;N,O
14 1 85 0-5 SN:H: O
15 0 9 1 O’ ss
16 0 1 1 O’; AL,O,
17 2 9 9 YAG; O'; AlL,O, YAG-ALO;-O
18 2 2 6 YAG; O'; AL,O;

¢ For key see Fig. 1 and text.
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Fig. 1. Sub-solidus diagram of the Si,N,0-Al,0,-Y,0; system. J=2Y,0;Si,N,O;
SN =Si;N,: YAM =2Y,0,-Al,0;; K=Y,0, -Si,N,0; H=Y,,810,)¢N,: YAG=
3Y,0, - 5AL,0;.

YAG+Al03+0's 5.

SizNzO 20 40 60 80 AlyO3
m/o

Fig. 2. Sub-solidus diagram of the Si,N,0-Al,O0;-Y,0; system. (5:9) Si;N, and
Y, ,(SiO,)(N,.
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Si0p

Y203 Si3Y,03N, Si3Ng
Fig. 3. Phase diagram of the Si;N,-SiO,-Y,0; system reported by Lange er al.®
of the Si,N,0-Y,0, system, so in the Si,N,O-rich area of the

Si,N,0-Al,0,-Y,0; system several quaternary compatibility areas are
formed:

H-Si,N,-Y,0, - Si,N,0-3Y,0, - 5A1L,0,

H-Si,N,-3Y,0; - 5AL,O,-O' ss

H-Si;N,~0' ss-Si,N,0

H-Y,0,- $i,N,0-3Y,0, - 5A1,0,-4Y,0, - Si,N,0 - Al, O,

3.3. Review of the Si;N,-SiO,-Y,0, phase diagram

In the Si;N,-SiO,-Y, 0, phase diagram previously reported,®~!° Si;N,
is considered to be compatible with Y,0,-2SiO, (Fig. 3). However,
our experimental results in connection with the Si,N,0-Y,0; system
showed the contrary. Using either silicon oxynitride or a mix of silicon
nitride and silicon dioxide, several samples in the composition range of

TABLE 2
Compositions Studied and X-ray Analysis Results for the Si,N,0-Y,0, System
No. Y,0, Si,N,0 SiyN, Sio, Phases present”
1 5 9 0 0 SN; H
2 S 0 45 45 SN; H
3 i 3 0 0 SN; H; Si,N,O
4 2 0 3 3 SN: H; Si,N,O

“ For key see Fig. 1.



Phase equilibrium studies in Si, N,O-containing systems. 1 125

Si02

Y03 Y2Si303N, Si3N, ;03 Sigr203Ny, SigNg
Fig. 4. Phase diagram of the Si,N,-SiO,- Fig. 5. Phase diagram of the Si;N,-SiO,~
Y,0; system reported by Jack.'! Y, 0, system obtained in the present work.

m/o
Fig. 6. Isothermal section at 1550°C in the Si,N,0-Al,0,-Y,0; system. T, = 1450°C.
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Si,N,0:Y,0,>9:5 were prepared and their phase analyses were
performed. The results (Table 2) show that under a pure nitrogen
atmosphere only Y,,(Si0,)¢N, (H-phase) can be compatible with SizN,,
not Y,0,-2Si0,. This contradiction may be caused by the different
experimental conditions used. The sub-solidus reaction immediately gave
the H-phase. However, Y,0, 2510, was only detected by the de-
vitrification of glass,®® indicating the difficulty of crystallization of a
nitrogen-containing phase. This result is similar to that of Jack'! (Fig. 4).
The phase diagram of the Si;N,-S10,-Y,0; system, based on the above
results, is also presented (Fig. 5).

3.4. The isothermal section at 1550 °C of the Si,N,0-Al,0,-Y,0; system

Using the melting method, a very large liquid-phase area at 1550°C was
identified near the Si,N,0-Al,O; side in this system (Fig. 6). The small
liquid-phase area in the Si;N,~Si0,-Y ,0; system' is greatly enlarged with
the addition of Al,O,. The eutectic in this liquid-phase area was detected to
be Y,0,:2A1,0,:2Si,N,O with T, ~ 1450°C by means of DTA and high
temperature microscopy observation. This liquid-phase formation pheno-
menon may have a considerable effect on the sintering of O’-sialon-
containing ceramics.

4. CONCLUSIONS

1. The sub-solidus phase diagram of the Si,N, 0-Al,0,-Y,0; system
is presented, in which no new compound has been found. The extent
of solid solubility of Al,O, in Si,N,O is defined as 15 m/o. For the
Si,N,0-Y,0, system all compositions of Si,N,0:Y,0,> 1:1
decompose at high temperatures, forming Si;N, and Y ,(SiO,)¢N,.
As a result, four quaternary phase regions are formed in the
Si,N,0-Al,0,-Y,0; system.

2. IntheSi;N,-SiO,-Y,0, system, Si;N, was found to be compatible
with Y, ,(SiO,)¢N,, but not Y,0,-2Si0,, contrary to what was
previously reported.

3. The isothermal section at 1550°C of the Si,N,0-Al,0,-Y,0,
system is also presented, in which a large liquid-phase area near the
Si,N,0-Al, O, side was determined. It may have a considerable
effect on the sintering of O’-sialon-containing ceramics.
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Crack Propagation Resistance of Aluminium Titanate
Ceramics
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SUMMARY

The crack propagation behaviour of aluminium titanate ceramics containing
grain boundary microcracks has been investigated. The mean grain size of
the aluminium titanate was 0-6 um at 1300°C and 2-3 uym at 1500°C.
Specimens sintered at 1450 and 1500°C contained grain boundary
microcracks, while the specimen sintered at 1300°C had few cracks. Grain
boundary microcracks decreased the bend strength and Young's modulus of
the specimens. At the propagation of a crack, the microcracks deflected and
caused branching of the crack, and blunted the crack tip; consequently, work
of fracture of the specimen increased to more than twice the original value
and crack propagation velocity decreased to 1/2000 of that in a microcrack-
free aluminium titanate ceramic.

1. INTRODUCTION

Aluminium titanate ceramics are well known as low thermal expansion
materials but have the disadvantage of low mechanical strength.'-* These
two characteristics are due to grain boundary microcracks caused by a
marked anisotropy of the thermal expansion of the aluminium titanate
crystal.® In order to improve the mechanical strength, it is widely
appreciated that a decrease in the size of cracks at the grain boundaries
is necessary. In single-phase non-cubic polycrystalline ceramics, grain
boundary microcracking occurs during the cooling period after
sintering, under a set of conditions which is determined by their
microstructure, thermal expansion anisotropy, fracture surface energy,
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elastic moduli, and the difference between their sintering temperatures and
room temperature.* 6

As aluminium titanate has a high thermal expansion anisotropy, in order
to reduce the grain boundary microcracking, its grain size must be decreased
markedly. Cleveland and Bradt® estimated that the ‘transition grain size’ for
microcracking in aluminium titanate ceramics was 1-2 um. One of the
results of our study on the improvement of the mechanical strength of the
aluminium titanate ceramics’ ~!% showed that the transition grain size is
2:5um,® and that the bend strength of the sintered specimens increased
suddenly as the grain size became smaller than this value.

Recently, several methods of toughening ceramic materials have been
investigated; microcrack toughening'! ~!*is one of these. Many researchers
use K. and the work of fracture to evaluate the toughness of the ceramic
materials. In addition to these, the crack propagation velocity during
fracture would be thought to be one of the significant evaluating factors.
Although the crack velocity in fatigue fracture and slow crack growth has
been measured, the fast crack velocity occurring during fracture has seldom
been measured, because of the difficulties in making the measurement,!*
especially for opaque specimens.'® Thus discussion of the relationship
between crack velocity during fracture of the specimens and their
microstructure has been rare.

In this paper the relationship between the microstructure of the
aluminium titanate ceramics and their behaviour during fracture, i.e. crack
propagation phenomena, crack velocity during fracture and work of
fracture, has been investigated.

2. EXPERIMENTAL PROCEDURE

The sintered specimens were prepared from synthesized aluminium titanate
powder having a mean particle size of ~0-5um and containing ~ 5wt %,
aluminium oxide contaminant introduced during its ball-milling. Sintering
temperatures were 1300, 1350, 1400, 1450 and 1500°C, and the sintering
period was 4 h. Thermal contraction and expansion of the specimens during
the cooling period were measured by a non-loading type dilatometer.!®
Bend strengths were measured by the 3-point loading method, and the
results were shown as the mean value of three specimens for each sintering
condition. The microstructure and appearance of the side surfaces of the
specimens after the bend test were observed using a scanning electron
microscope. Work of fracture was determined, using a single-edge notched-
beam specimen, by 3-point loading. The notch width was ~ 0:2mm and its
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Oscilloscope
Fig. 1. Schematic diagram showing the experimental arrangement for measurement of
crack velocity.

depth was ~ 409, of the specimen thickness. Bulk density of the sintered
specimens was measured by the mercury displacement method.

Crack propagation velocity during the fracture was determined as
follows. Conductive wires which were connected to terminals at both sides
were printed on a side surface of the sintered specimen and then baked. The
width of each printed wire was ~ (0-2mm, and the distance between each
wire was also ~ 0-2mm. When the crack propagates during fracture, it cuts
the printed wires, and the electrical resistance between the terminals is
increased. This change of resistance was transformed to a voltage by means
of a Wheatstone bridge, and was then recorded as a function of time. The
very rapid change in voltage required the use of an ultra-high-speed A-D
converter with a digital memory (Transient Converter TCG-4000S, Riken
Denshi Co., Ltd). This equipment has a maximum resolution of 0-05 ys/word
and can memorize 4096 words. A schematic diagram of the experimental
arrangement for measurement of the crack velocity is shown in Fig. 1.

3. RESULTS AND DISCUSSION
3.1. Grain boundary cracking and microstructure

During cooling subsequent to sintering, grain boundary cracking occurs,
due to the high thermal expansion anisotropy of the aluminium titanate, and
this cracking causes expansion of the specimens.!” Figure 2 shows the
thermal contraction and expansion curves of the specimens during cooling
from their sintering temperatures. Every specimen changed from a
contraction to an expansion at temperatures in the range 300-200°C. The
specimen sintered at 1400 °C expanded ~ 19, the largest value in this set of
experiments. Specimens sintered at 1350, 1450 and 1500°C expanded by
~0-3-0-5%; the specimen sintered at 1300 °C showed very little expansion.
Figure 3 shows the fractured surfaces of the sintered specimens. The mean
grain size of the titanate increased from 0-6 um following sintering at 1300 °C
to 2-3um at 1500°C. The specimen sintered at 1400°C had large and
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continuous cracks through the body and failed when cooled to room
temperature. Specimens sintered at 1450 and 1500°C had small grain
boundary microcracks and the microcracks of the 1450°C specimen
appeared to be continuous. The specimen sintered at 1300 °C had few cracks.
The degree of microcracking and the size of the cracks in the sintered
specimens can be seen to correspond with the degree of expansion during
cooling.

3.2. Mechanical properties of sintered specimens

Bend strengths and bulk densities of the sintered bodies are shown in Fig. 4.
The specimen sintered at 1400°C had already fractured during cooling, so
the bend strength of this specimen was considered as 0 MPa. The specimen
sintered at 1300°C, which contained few cracks, showed the highest
strength. The specimens sintered at 1350 and 1450 °C were weak because the
cracks in these specimens were comparatively large and continuous. From
these results it becomes clear that a continuous crack is more harmful than
discrete isolated microcracks and has the effect of lowering the strength of
the specimens.

The microcracks present on the grain boundary also influenced the
stress-strain relationship of the specimen, which is shown in Fig. 5. The
specimen sintered at 1300 °C showed a linear stress—strain relation, whereas
the specimens sintered at 1450 and 1500 °C did not show such behaviour and
fractured in a more stable manner. From the initial straight part of the
stress—strain curves, the Young’s modulus was calculated and this is also

100 v . . v 100
_ e | 3
& 8oy - E 190 2
2 z
p 5
o 60 180 ©
4 ¢
7 C
D 40} ' {170 &
£ (a4
f L /

@ 20} // 160
AN
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1300 1350 1400 1450 1500
Firing temperature(°C)
Fig. 4. Bend strengths and bulk densities of sintered specimens.
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Fig. 5. Stress—strain curves obtained in 3-point bending.

shown in Fig. 5. The specimen sintered at 1300 °C has a higher modulus than
the others, which whilst denser, contained appreciable amounts of cracks on
their grain boundaries. This decrease in Young’s modulus of the specimens
containing grain boundary microcracks would be caused by the decrease in
the area of contact across the sintered grain boundaries.

The microcracks also affected the fracture behaviour of the specimens.
After the bend test, the specimens sintered at 1450 and 1500 °C did not break
into separate pieces (Fig. 6(a)). In these specimens, as shown on scanning
electron micrographs of their side surfaces in Fig. 6(b), cracks were
deflected, branched, and blunted by the grain boundary microcracks and
these processes finally combined to stop further propagation.

3.3. Work of fracture and crack propagation velocity during fracture

The work of fracture of the specimens sintered at 1300 and 1450°C was
measured. In this measurement both specimens were fractured in a stable
manner. The work of fracture, y,,, was calculated to be 168 +0-3 and
38:6 + 3:1Jm ? for specimens sintered at 1300 and 1450°C, respectively.
This result indicates that the presence of the grain boundary microcracks in
the specimen sintered at 1450 °C increases the work of fracture.
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(b)
Fig. 6. Specimen fracture (a) and the side surface (b) of the specimen sintered at 1450°C,
after the bend test.
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Fig. 7. Voltage-time relationships obtained during fracture, used to determine crack

velocity.

Figure 7 shows voltage changes between two terminals printed on the side
surface of the specimens sintered at 1300 and 1450 °C during fracture in the
bend test. From this graph mean velocities of crack propagation were
determined. The velocities were calculated to be ~ 400 and 0-2m s ™! for the
specimens sintered at 1300 and 1450 °C, respectively. A fast crack extension
speed of 400 m s~ ! is a value comparable with that reported for hot-pressed
silicon nitride'® and other dense ceramics. The microcracks on the grain
boundaries in aluminium titanate thus decrease the crack propagation
velocity to 1/2000 of the velocity for microcrack-free specimens.

These measurements of the crack propagation velocity and the change in
value of the work of fracture give a strong indication that the grain boundary
microcracks interfere significantly with the crack extension.

4. CONCLUSION

Microcracks on the grain boundaries of the aluminium titanate studied
decrease the bend strength and Young’s modulus of the specimens by linking
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with a critical crack and by reducing the area of contact between boundaries.
However, these microcracks increase the resistance to crack propagation on
fracture by mechanisms involving crack deflection, branching and blunting.
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SUMMARY

Boron nitride exists in four main crystalline forms. These have graphitic,
cubic, rhombohedral and wurtzitic crystal structures. Wurtzitic boron
nitride is formed at relatively low temperatures above 12 G Pa pressure. It is
a hard ceramic with properties closely resembling those of cubic boron
nitride, and has found application in composite cutting tools containing
cubic boron nitride as the second phase. Earlier suggestions that the
excellent performance of these cutting rools may be due to the wurtzitic
boron nitride undergoing a stress-induced transformation to graphitic boron
nitride appear to be incorrect.

1. INTRODUCTION

Boron nitride exists in several crystalline forms of which the graphitic (g-
BN) and cubic (c-BN) forms are the best known because of their similarity to
the graphite and diamond forms of carbon. The wurtzitic form (w-BN) has
found use in composite cutting tools containing cubic boron nitride as the
other phase. These cutting tools, called Geksanit-R or Hexanit-R in the
Soviet Union, perform better in certain applications than tool bits
composed only of c¢-BN.!? The reason for this is not clear since the
properties of w-BN are not well known. In this paper, the properties of w-BN
are discussed primarily with respect to the graphitic and cubic forms of
boron nitride. Efforts are also made to understand the fracture behavior of
the composite materials consisting of c-BN and w-BN. In particular, the
possibility that w-BN toughens the c-BN matrix* through a stress-induced
transformation toughening mechanism is examined.

While the exact details of the transformation toughening mechanism are
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still uncertain it is well known that a martensitic phase transformation
involving a stress-induced shear transformation is responsible for
toughening. Shear transformations are exhibited by several ceramics*
including zirconia and boron nitride. In zirconia ceramics the transfor-
mation is from the tetragonal phase to the monoclinic phase, whereas the
shear transformation in boron nitride is between the graphitic and wurtzitic
forms. The possibility of using the wurtzitic form of boron nitride as a means
of toughening ceramics is intriguing because it is metastable at all
temperatures and a large volume expansion (51 %) occurs on conversion of
the wurtzitic form to the hexagonal form. Thus, the use of the wurtzitic form
of boron nitride could produce substantial toughening of a ceramic matrix
over a wide temperature range.

2. CRYSTAL STRUCTURES

The wurtzitic form (w-BN) was originally prepared by Bundy and Wentorf®
by applying high static pressures to g-BN powder. The transformation
occurred above 12-5GPa at low temperature. Figure 1° shows that, with
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Fig. 2. Crystal structure of graphitic boron nitride.

increasing temperature at the same pressure, the cubic or zinc blende form is
usually formed. The crystal structures of g-BN and w-BN are shown in Figs
2 and 3. The graphitic form consists of alternating AB layers, the boron and
nitrogen atoms exchanging places in these layers, which are separated by
half the length of the c-axis (333 pm). Boron nitride hexagons are nonplanar
and form a ‘chair’ configuration.
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Fig. 3. (a) Hexagonal lattice of wurtzite; (b) schematic representation of the structure of
wurtzitic boron nitride.
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In the ideal wurtzitic structure (see Fig. 3(a)) each atom is tetrahedrally
coordinated with a B—N bond length of 157 pm and a bond angle of 109-5°.
The actual coordination tetrahedron in w-BN is distorted, being elongated
along the c-axis and compressed along the' a-axis. The distortion also
depends upon whether the material was prepared by static or dynamic
compaction. The structure consists of a series of close-packed layers:
alternating all boron and all nitrogen, aa’bb’aa’ (see Fig. 3(b)). The ‘@’ unit
cell dimension is similar to that found in the graphitic form, but the ‘¢’
dimension is approximately 359 shorter. The distinct difference in bond
length and bond strength in these two crystallographic directions in g-BN is
responsible for the large anisotropy in physical and thermal properties. The
properties of w-BN are not expected to be as directionally dependent.

Kurdyumov and co-workers® ™ !¢ have studied the substructures of both
these forms of boron nitride extensively, using X-ray diffraction and electron
diffraction techniques. Twins, stacking faults, and dislocations were found
in g-BN. Whole or partial dislocations lie in the [0001] basal planes. Their
Burger’s vectors are 1/3a [1120] and 1/3a [1010], respectively. Stacking
faults were characterized as being either polytypic or random. In the first
type some hexagonal layers are shifted to positions equivalent to positions in
the graphite structure. In the second type there is no correlation between
neighboring layers in the defect region. Kurdyumov found the con-
centration of these defects to increase during shock compression'! and
concluded that the g-BN to w-BN transformation would not occur in
regions containing these random or ‘turbostratic’ stacking faults.

In examining lattice defects in w-BN prepared by both shock and static
compaction, Kurdyumov’ found them to be independent of the preparation
method. The crystallographic relations found within the boundaries of
individual crystallites in two-phase particles were (001)w[/(001)g and
(1120)w|(1120)g. The lattice parameters of the w-BN samples prepared by
the two methods were identical (within the error limits). Considerable
comminution® occurs during the shock process so that the resulting w-BN
particles are less than 0-3 um in size and consist of 0-05-um crystallites
orientated primarily in the (001) direction normal to the main particle
surface. These crystallites are under considerable strain (03 %).

3. THE GRAPHITIC TO WURTZITIC BORON NITRIDE
TRANSFORMATION

At pressures above 12 GPa, g-BN converts to the wurtzitic form.> Coleman
and Forbes'’ calculated that the temperature at which this occurs is 230°C.
The amount of w-BN formed depends upon the synthesis conditions and
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upon the nature of the boron nitride powder, but does not exceed 80 9, by
weight. In particular, it has been shown that the crystallinity is an important
factor controlling the transformation. Pyrolytic boron nitride shows very
little conversion to w-BN unless it is first converted to g-BN. This is because
a crystallographic correspondence exists between g-BN and w-BN. The
basal planes of the wurtzitic phase are parallel to the basal planes of the
graphitic form. Complete conversion to w-BN presumably does not occur
because, in the early stages of compaction, random stacking faults are
generated in a fraction of the material. These prevent w-BN formation, as
discussed earlier. In addition, adiabatic heating of the powder compact
during shock loading probably provides sufficient energy to reconvert some
of the w-BN back to g-BN. The shear mechanism proposed for the
transformation by Kurdyumov is similar to that proposed earlier by
Lonsdale!'® for the graphite to wurtzite transformation in both graphite and
boron nitride. Figure 4 illustrates the structure change which arises from
shear in the basal plane by a B-——N bond distance. The differences in stacking
sequence in these two structures are shown more clearly in Figs 2 and 3(b).
Kurdyumov explained the transformation in terms of a martensitic
transformation, proceeding athermally under the influence of pressure. This
does not appear to be correct since, if shock loading is carried out in such a
way that the compact does not heat during shock loading,'® then the
conversion from g-BN to the wurtzitic form does not occur at room
temperature. Under the same shock loading conditions maximum
conversion to w-BN occurs on heating to 200°C. This temperature is very
close to the conversion temperature calculated by Coleman and Forbes!’
for normal shock loading of g-BN at room temperature. Thus both
temperature and pressure are required to convert g-BN to w-BN.
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Fig. 4. Graphite - wurtzite orientation relation for boron nitride.* The (0001) planes
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Fig. 5. Transformation of two wurtzitic boron nitride powders to graphitic boron nitride in
flowing nitrogen at 800°C and 900°C.

The reverse transformation is of particular interest in preparing ceramic
composites. On heating, w-BN reverts to a highly defective form of g-BN.
There is evidence to suggest that the ambient conditions determine whether
the transformation is truly reversible. At normal pressures the relation
[0001]g L [0001]w was observed,?%but at high pressures and temperatures the
transformation is crystallographically reversible.2!

Kinetic studies of the transformation at normal pressures have shown that
the transformation is rapid, and depends upon both the temperature and the
nature of the powder. Figure 522 shows the volume fraction of g-BN formed
as a function of time at 800 °C and 900 °C for two different w-BN powders.
The transformation consists of two stages: an initial rapid stage and a
subsequent slow stage in which very little additional g-BN is formed.
Kurdyumov ez al.?° interpreted the data in terms of a nucleation and growth
mechanism and also observed this phenomenon in samples examined under
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the electron beam. The reaction kinetics obey an equation of the first order
with an activation energy of 21kJmol~!. It was concluded that the
transformation was determined by the number of nucleation sites rather
than by the growth of the nuclei, and that the transformation was of a
diffusionless martensitic type. The exact experimental conditions used to
obtain the data in Fig. 5 are not given in Ref. 22, but the factors which would
affect the transformation rate would be expected to include powder compact
density, particle size, the strain energy in the particles, and impurity content.
Table 122 shows that there are some differences between the characteristics
of these powders in terms of their impurity or second-phase content, but
their surface areas are identical. Since it is likely that the surface energy of
the powder plays a significant role in the transformation, it is somewhat
surprising that the powders labeled BN, , and BN, in Fig. 5 exhibit
different transformation rates but possess identical surface areas. A
difference in the respective strain energies of these powders might be
expected because of the threefold difference in loading rates used to produce
these powders. Yet if this were the reason for the observed difference in
transformation rates, the powder labeled BN, ,should transform at a higher
rate, not a lower rate, as shown in Fig. 5. The explanation offered by
Pechentkovskaya and Savvakin?? is that the extremely high loading rate
conditions give rise to a new form of w-BN in which some changes in the fine
structure of the valence band and conduction band exist. It is difficult to
envisage why this modification of w-BN should be more stable if it is in some
kind of excited state. Their explanation, therefore, cannot be considered to
be very plausible.

The experimental data indicate that the transformation is both
temperature and stress dependent. Both temperature and pressure are
necessary to convert g-BN to w-BN, but the reverse transformation occurs
at atmospheric pressure with a low activation energy typical of a displacive
or diffusionless transformation mechanism. It does not, however, appear to
be a martensitic transformation. This is in agreement with Kriven* who
concluded that claims for a martensite mechanism in terms of an invariant
plane strain model were not justified.

TABLE 1
Characteristics of Two Wurtzitic Boron Nitride Powders??
Material Average Content of the basic phase and impurities/°, Surface area
loading rate;  — : C— , —_ m*g!
GPas™ ! w-BN g-BN B,0, 0,
BN, 107 972 0-8 0-15 0-7 15

BN,., 10'¢ 956 24 0-10 1-6 15
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4. PROPERTIES OF WURTZITIC BORON NITRIDE

The thermal and mechanical properties of w-BN are given in Tables 2 to 5.
It should be noted that measurements were frequently made on impure
samples or multiphase specimens such as the cutting tool material
Geksanit-R (a two-phase boron nitride ceramic containing principally w-BN
and ¢-BN). Some of the materials also contained residual stresses or were

TABLE 2
Thermal Properties of the Wurtzitic, Graphitic and Cubic Forms of Boron Nitride
Property Temperature w-BN g-BN c-BN
(K)
Specific heat/Jkg 'K ™! 300 810 (Ref.23) 800 (Ref.24) 270 (Ref.25)
at constant pressure
Thermal conductivity/ 1150 60 (Ref.26) 15-30 (Ref.24) 26 (Ref. 26)
Wm 'K™!
Linear coefficient of 300-530 3-7% (Ref. 38) 2-8 (Ref. 38)
thermal expansion/ 300-550 27" (Ref. 38)
MK™! 270-1070 40-5° (Ref. 39)
270-370 —2:9% (Ref. 39)

Note: Temperatures given represent those for which data have been found for w-BN. More
extensive data are available for g-BN and c-BN.

“ Value in the ‘¢’ direction.

® Value in the ‘@ direction.

TABLE 3
Room Temperature Hardness Values for w-BN and c-BN Specimens
Material Measurement method* Hardness/GPa Reference
c-BN Vickers > 66-7 29
w-BN Vickers 22:3 29
w+c-BN Vickers 67-7 29
w+c-BN Vickers 873 30
w-BN Vickers 525 31
c-BN Vickers 587 31
w-BN Knoop 356 31
c-BN Knoop 489 31
w+c-BN Vickers 48-9-71-2° 32, 34
c-BN Vickers 383 34

¢ Vickers hardness measurements were made at a load of 0-5kg, Knoop at a load of 0-4kg.
® Specimens were heat treated prior to testing.
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TABLE 4
Young’s Modulus, Fracture Toughness, and Fracture Surface Energy Values for Wurtzitic
Boron Nitride Materials

Property Material Value Reference
Young’s modulus/GPa 509 c-BN, 509, w-BN 890 32
Fracture toughness/MPam'’? Mixed w-BN/c-BN 15-17-05 4
1009, c-BN 14-57-17-05 34
Mixed c-BN/w-BN 5-89-6-20 34
containing 2-7Y, g-BN
100°, c-BN 16-18 33
Mixed ¢-BN/w-BN 16-18 33
Mixed ¢-BN/w-BN 10-14 33
after annealing
Fracture surface energy/Jm~? Mixed w-BN:/c-BN 62-75 13 34

100°, c-BN 62-75

microcracked. Comparisons are made with the corresponding data for the
cubic and graphitic forms of boron nitride (see Tables 2 and 3) and with
several other ceramics (Tables 5 and 6).

The specific heat data at 300K and the thermal conductivity data at
1150K are shown in Table 2. The specific heat of the wurtzitic form
(810J kg~ ' K1) is similar to that for the graphitic form (800J kg 'K 1),
The range of values for the thermal conductivity of g-BN reflects the
anisotropy of this material, the higher value being for the ‘@’ axis or basal
plane in which the atoms are closer together. Even if the w-BN specimens
used by Fedoseev et al.?® were textured so that conduction was measured
only along the ‘@’ direction, this would still not explain the very high thermal
conductivity found for this form of boron nitride. The specimen contained
159%, ¢-BN, so that if the appropriate correction is made using the data in

TABLE §
Room Temperature Fracture Toughness Values for Boron Nitride and Other Ceramics

Material Fraciure 1oughness® Reference
MPam 12
c-BN/w-BN 15-5-17-05 34
100 %, c-BN 14-47-17-05 34
Silicon nitride 4-96 35
Cobalt-bonded tungsten carbide 16:75 35
Diamond 9-61 34
Sapphire (single crystal) 2-1 35

@ Determined by the indentation technique of Evans and Charles.?*
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TABLE 6
Room Temperature Fracture Surface Energies for Alumina, Silicon Nitride and Wurtzitic
Boron Nitride

Material Fracture surface energy/ Reference
Jm™?
¢-BN/w-BN 70 34
Hot pressed alumina 42° 36
21% 36
Sintered alumina 23 36
Hot pressed silicon nitride 61° 36
42b 36

® Flaw moving perpendicular to hot pressing direction.
® Flaw moving parallel to hot pressing direction.

Table 2, the thermal conductivity of w-BN is actually nearer 70 Wm ™! K !,
This is a very high value for a ceramic at this temperature and may be one
reason that the cutting tools consisting of both c-BN and w-BN perform
better than those composed of only c-BN. The higher thermal conductivity
of w-BN is difficult to explain in terms of its crystal structure. Slack et
al.?"-2® concluded that ceramics with high thermal conductivities possessed
four characteristics: (1) low atomic mass, (2) strong bonding, (3) a simple
crystal structure, and (4) low anharmonicity. On this basis, the simpler
crystal structure of c-BN should result in the highest thermal conductivity
value for any of the allotropes of boron nitride. Single-crystal c-BN has the
highest thermal conductivity after diamond; thus, the high value for w-BN
(60 Wm ™! K~ (Ref. 26)) is surprising, more so because it is not just slightly
higher, but twice that for the c-BN specimen. The samples used by Fedoseev
et al. were polycrystalline. Consequently, a likely explanation for the
disparity in thermal conductivities is that it is due to differences in porosity
and impurity content of the two specimens. The single-crystal value for w-
BN should be lower than that for c-BN.

There is a marked difference in the thermal expansion coefficients of the
wurtzitic and graphitic forms of boron nitride (see Table 2). The weak van
der Waals forces between the layers of atoms in the ‘¢’ direction of g-BN are
responsible for the high expansion coefficient in this direction. Stronger
bonding exists between the layers of atoms in w-BN. Consequently, it has a
lower expansion coefficient and exhibits only moderate anisotropy in
expansion values. The thermal expansion coefficient of w-BN (average
32M K Yisclose to that of c-BN(2:8 M K ~! (Ref. 38)) and silicon nitride
(29M K ™! (Ref. 24)).

Hardness values for various specimens of w-BN and c¢-BN, shown in
Table 3, exhibit considerable scatter for several reasons. First, most of the
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materials examined by Bochko and co-workers®! ™33 were made by a
process that gave rise to a temperature distribution in the samples during
processing. Furthermore, many of the materials contained residual stresses
arising from their multiphase composition. Stresses arise from the thermal
expansion mismatch between w-BN and ¢-BN (I-0M K !, see Table 2) on
cool-down, and from the formation of g-BN from either w-BN or ¢-BN
during processing. Secondly, some of the samples listed in Table 3 were not
fully dense. Annealing®! ~33 to eliminate these stresses resulted in higher
hardness values,>* and a smaller scatter in values was obtained for the
Geksanit-R materials. The hardness of w-BN is similar to that of c-BN.

The Young’s modulus and fracture toughness values*2~*# for the mixed
phase Geksanit-R materials and c-BN are shown in Table 4. The Young’s
modulus of 890 GPa is high for a ceramic and only about 159/ lower than
that for diamond (1033 GPa3?). The data in Table 4 are not strictly accurate
since all samples contained residual stresses unless they were annealed out,
This is the reason for the differences in values for c-BN in Refs 33 and 34
and for the Geksanit-R material in Ref. 34 (Table 4 shows that annealing
causes the fracture toughness of the mixed phase Geksanit-R to decrease
from 16-18 MPam''? to 10-14 MPam'/?). The fracture toughness drops
drastically if the material contains more than a small amount of g-BN. For
example, Geksanit-R materials containing 2-7 %, g-BN exhibit a much lower
fracture toughness (6 MPam''? (Ref. 34)). This decrease in fracture
toughness can be only partly explained by the lower Young’s modulus
(90 GPa%*) of g-BN. These materials exhibit both intergranular and
transgranular fracture, whereas Geksanit-R fractures only intergranularly,
It thus appears that the main reason for the substantial decrease in fracture
toughness is that the g-BN provides a lower resistance crack path.
Toughening through a crack deflection mechanism is reduced since the
advancing crack moves through the g-BN particles.

The fracture toughness values for c-BN and the mixed Geksanit materials
are similar (approximately 16 MPam'/’?). Table 5 shows that this is higher
than that for any other known monophase ceramic material and comparable
to that for cobalt-bonded tungsten carbide. This is partly due to its high
Young's modulus, but not entirely, since diamond also has a high Young's
modulus but possesses a lower fracture surface energy. In Table 6 the
fracture surface energies of several ceramics are given. The boron nitride
materials have a high fracture surface energy in spite of their very fine grain
size ( <3 um). This is difficult to explain in terms of conventional fracture
behavior since fine-grained, polycrystalline ceramics do not generally have a
high fracture surface energy. For example, in both hot-pressed alumina and
silicon nitride crack propagation around the high aspect grains is
responsible for their relatively high fracture energies in the direction
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perpendicular to the hot-pressing direction (see Table 6). In fine-grained,
sintered alumina the fracture surface energy is 50 %, lower. Complicating the
issue also is the fact that the 100 9 c-BN samples and Geksanit-R materials
have different grain sizes and fracture modes, but possess similar fracture
toughness values. Geksanit-R has a grain size of approximately 0-5 yum and
an intergranular fracture mode, whereas c-BN has a slightly higher grain size
(1-2 um), and exhibits both intergranular and transgranular fracture.®*

A fracture surface energy of 70 Jm~? is high for a fine-grained structure.
One mechanism that might explain these data is transformation toughening.
Following the method of Evans et a/.,>” the contribution to toughening by
the transformation can be estimated:

AK,. =034 V.E (AV/V)rl2

where AK| = the contribution to toughening due to the transformation;
V= the volume fraction of transformable particles; £ = Young’s modulus;
(AV/V)=the transformation volume strain; and r,=the width of the
transformation zone.

Although this equation ignores any contribution due to shear strains, it
enables an estimate of the amount of toughening due to volumetric changes.
Assuming that r, 1s equal to the grain size (0-1 um), the effect of 50 %, w-BN
in a matrix of c-BN would be to increase its fracture toughness by
25MPam'/2. Table 4 shows very little difference in the fracture toughness
values for the cubic and mixed-phase boron nitrides. Furthermore,
Claussen*® was unable to detect any stress-induced transformation
toughening in silicon nitride and cordierite composites containing w-BN.
Transformation toughening can, therefore, be ruled out as the mechanism
responsible for the high fracture energy. It seems more likely that
microcracking is the toughening mechanism, particularly since these boron
nitride materials were formed under non-uniform temperature conditions
and usually contain residual stresses. In view of the similarity in the
properties of w-BN and c-BN it is difficult to explain, using the available
information, why the Geksanit-R cutting tools perform better than the c-BN
materials.
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Workshop Report

WORKSHOP ON TRANSFORMATION TOUGHENING,
LORNE, AUSTRALIA (15-19 April, 1985)

The workshop organised by the Zirconia group at CSIRO was host to many
international participants. The largest contingents were from America and
Australia but Japan, West Germany and the People’s Republic of China
were also strongly represented.

Of the four days devoted to the workshop, the first, after the official
opening by Professor Polmear, was concerned with the crystallography,
thermodynamics and nucleation of the transformation process in zirconia.
Summaries of the state-of-knowledge in these areas were given by Professor
A. H. Heuer in his usual lucid style, by Dr R. Cannon and Dr M. Riihle. Up-
to-date information on the ¢’ phase was given by Professor Heuer who, using
electron micrographs to illustrate his ideas, showed it to be the stable non-
transformable phase at room temperature. In this section Dr P. Kelly gave a
discourse on the martensitic transformation process that was notable for
both its clarity and quality.

The processing theme was developed by Dr F. F. Lange of the Rockwell
International Science Centre who supplemented an earlier lecture on the
distribution and source of flaws in engineering ceramics with pertinent
information on the failure mechanism involved in the degradation of
yttrium oxide-stabilised zirconium dioxide in the temperature range
150-400°C. He showed convincing evidence of yttria removal from solid
solution into discrete precipitates within adjacent porosity, the mechanism
still being open to discussion. On the same topic, Dr Riihle suggested that
mechanical constraint was necessary for the transformation to proceed.
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Phase diagrams were discussed in detail and it was a general conclusion of
the meeting that great care was required to generate reproducible data,
which could be affected by numerous variables, ranging from the powder
source, to the disposition of the research worker.

As the meeting moved towards discussion of the means of attaining
strength and toughness, it became apparent that two phenomena were
becoming recognised as being of great importance, specifically, surface
strengthening and a form of microplasticity caused by microtwinning in
the relatively long range stress fields ahead of a crack tip. Dr D. Green gave
an account of the methods available for the development of surface
compressive stresses, concluding that removal of the stabilising oxide
from the surface gives the greatest thickness (40-50 um) of compressive
layer. An elegant method developed at Utah was quoted, whereby slip-
casting allowed the larger zirconium dioxide particles to be at a surface of a
ceramic body; these larger particles are most likely to transform and the
process thus gives a method for control of the thickness of the compressive
surface layer.

Dr D. B. Marshall discussed perhaps the most significant work presented,
the concept of a reversible r—m transformation. On loading, the surface of a
test piece of Mg PSZ becomes rumpled on a scale equivalent to the grain
size, the rumpling being removed on unloading, i.e. the process was
reversible. Deformation strains of 0-17 9, were achieved before ‘microcrack-
ing’ took place. On unloading, the surface became smooth apart from
regions adjacent to the microcracks. X-ray diffraction data were also
presented which indicated that the amount of monoclinic increased with the
applied load and decreased as the load was removed. Dr Richard Hannick,
the co-author of the original paper ‘Ceramic steel’, supported the hypothesis
showing ‘deformation bands’, ~ 500 um long, on the inner surface of a wire
drawing die. In a later paper he showed again the similarity of the zirconia
transformations to the martensitic transformation in steel.

Classic micrographs and experiments illustrating an isothermal transfor-
mation at 1340 °C in Mg PSZ were shown demonstrating that three stages of
the precipitation process could be represented on a TTT (transformation/
temperature/time) diagram, specific to the MgO-ZrO, ceramic.

The atmosphere of the conference was positive and enthusiastic and the
participants foresaw a practical and increasingly useful place for zirconia
ceramics in engineering materials. As a celebration of the ten years work of
the Australian group, the meeting was a fitting accolade to the major
contributions they have made over this period and was acknowledged as
such by all those attending.

R. Stevens
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Book Review

Engineering Ceramics 1984. Edited by M. Ish-Shalom and D. G. Brandon.
Elsevier Applied Science Publishers, London, 1985. 408 pp. ISBN
0-85334-397-7. Price: £65.00.

(Reprinted from the journal Materials Science and Engineering, Vol. 71,
Nos 1-2))

This volume constitutes the proceedings of the International Symposium on
Engineering Ceramics which was held in Jerusalem, Israel, during
December 16th to 20th 1984. The symposium was attended by 120 research
scientists and engineers from 14 different countries.

The reviewer who was fortunate to attend this enjoyable and interesting
conference would like to congratulate the editors and publishers for the
speed with which they have been able to produce this attractive volume.

The editorial note mentions that the authors of the papers presented at
this conference were asked whether they wished to submit their paper for
publication in these proceedings. All the papers accepted for publication
have been thoroughly refereed. Abstracts of the papers presented at the
conference which are not published in full in these proceedings have been
included but have not been refereed. Manuscripts had to be submitted at the
time of the conference and it is obvious that rapid publication, which is so
highly desirable, could only be achieved by not delaying publication for the
sake of including late contributions. Thus, of the 59 contributions which
were presented, 20 are published only as abstracts because they were either
not submitted in time or were not passed by the referees. In fact, one of the
contributions which was not ready at the time has been published in the first
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issue of High Technology Ceramics (G. Ziegler and G. Wotting, Post-
treatment of pre-sintered silicon nitride by hot isostatic pressing, High
Technology Ceramics, 1 (1985) 31-58).

The 59 contributions, full papers and abstracts, apart from the
introductory paper by A. G. Evans on Engineering property requirements
for high performance ceramics, are grouped in the following sections:

Microstructure and properties
Reliability

Applications

Processing

Electronic and optical ceramics.

“nob W=

The Local Organizing Committee selected eight key topics to be dealt with
by invited speakers. The titles and authors apart from the introductory
paper were:

—Strengthening strategies for ZrQ,-toughened ceramics at high
temperatures (N. Claussen)

—Structural reliability of ceramic materials (S. M. Wiederhorn and
E. R. Fuller, Jr)

—Recent trends in the development of fine ceramics in Japan (H. Suzuki)

—Applications of high performance ceramics in heat engine design
(R. N. Katz)

—Thermal stress resistance of engineering ceramics (D. P. H. Hasselman)

—Processing technology for high performance ceramics (R. J. Brook)

—Recent advances in ceramic coatings obtained by chemical vapour
deposition and plasma processing deposition (R. Avni and U.
Carmi).

These papers formed the backbone of the conference but other interesting
contributions were presented in lectures or as posters. It is gratifying now to
be able to study their full text. The ceramic materials covered are: zirconia,
alumina, silicon nitride, silicon carbide, silicon oxynitride, sialons (the
reviewer regrets to see the use of a commercial trade name, i.e. Syalon, in a
title!), titanium diboride, lead zirconate titanate, and complex systems like
mullite-zirconia, etc.

Readers of High Technology Ceramics will find a lot of interesting
information in this volume, which is well produced; contrary to many
conference proceedings volumes, it contains an author and subject index
which considerably enhances the ability of a reader to find the required
information.

Paul Popper
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